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Mr. Wolfgang Lösel, Mr. Claus Götzel, Mr. Falk Herold, and Mr. Bernhard Gebel
for their technical help during the work.
I acknowledge all my colleagues in my laboratory for a healthy working atmosphere,
especially Dr. Irina Mazilu, Mrs. Nadia Wizent, Dr. Dimitri Souptel, Dr. Thomas
George Woodcock, and Mrs. Olga Shuleshova.
I would like to express my special thanks to my friends in Dresden like Golden,
Jayanta, Shankar, Ajit, Vinay, Manvendra, Ramesh and Sandeep for their genuine
support in many ways during my stay in Dresden.
ii
Financial support provided by Deutsche Forschungsgemeinschaft within the frame-
work of Priority program 1120 “Phase Transformation in Multicomponent Melts”
(HE2955/2-2) and “Sonderforschungsbereich 609 Elektromagnetische Strömungs-
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Chapter 1
Fundamentals and background
1.1 Solidification of peritectic alloys
Solidification is the process by which liquid is transformed into solid due to a decrease
in temperature. The manufacture of almost every object involves solidification at
some stage. The detailed knowledge of the solidification process is important for
manufacturing processes such as casting, welding, laser processing, crystal growth
etc. It is governed by a number of interacting phenomena like transport of energy and
solute, convection, nucleation and growth. The transition from liquid to solid during
solidification is accompanied by an enormous increase in viscosity, of some twenty
orders of magnitude. This increase can be continuous or discontinuous to yield a
solid, the viscosity of which is defined arbitrarily to be greater than 1014 Pas [1].
The different predominant conditions during the solidification process determine the
microstructure of the solid. Microstructures play vital roles in determining the inter-
esting properties of materials such as mechanical or magnetic properties. Over the
last decade, important advances have been made in the fundamental understanding
of the solidification of microstructures with the development of rigorous analyti-
cal models, accurate simulation methods and more refined experimental techniques
for eutectic alloys. However, there is a limited understanding of the solidification
behavior of peritectic alloys compared with that of eutectics [1, 2].
Many phase diagrams display peritectic transformation, in which one solid phase
reacts with a liquid phase on cooling to produce another second solid phase, i.e.
α + L → β, as shown in Fig. 1.1 [3]. Here, CP and Cα are the composition of
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peritectic β phase and primary α phase, respectively. TP is the peritectic tempera-
ture. The liquid composition CL is termed as peritectic point or peritectic limit or
peritectic liquid. A peritectic transformation is expected to occur for all composi-
tions from Cα to CL. A similar phase diagram is observed in Fe-C, and many Cu-
and Ti-based alloy systems, whereby in Cu- and Ti-based alloy systems, the peritec-
tic phases are often intermetallics. In these systems with a peritectic transformation
similar to Fig. 1.1, the equilibrium distribution coefficients ke of the solutes are less
than one in both primary and peritectic phases, where ke = Cs/Cl and Cs and Cl
are the compositions of the solid and liquid in equilibrium at a given temperature,
respectively. According to Fig. 1.1, hypoperitectic alloys are defined as the com-
positions which are smaller than CP (compositions in between Cα and CP ) at TP .
Similarly, hyperperitectic compositions lie in the range of CP to CL. Hyperperitectic
compositions contain both α and β phases below the peritectic temperature (TP )
under equilibrium conditions.
Figure 1.1: Schematic representation of peritectic phase diagram, where the equi-
librium distribution coefficient of the solute is smaller than one in both primary
and peritectic phases [3].
In contrary to this, many Al-based alloy systems (e.g. Al-Ti) exhibit peritectic
transformations in which ke >1 in both primary and peritectic phases, as illustrated
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in Fig. 1.2. According to Fig. 1.2, hypoperitectic alloys lie in the range CL to CP .
These alloys contain the liquid phase and β phase below TP , unlike α and β phases
as in hypoperitectic alloys in ke <1 systems [3].
Figure 1.2: Schematic representation of peritectic phase diagram, where the equi-
librium distribution coefficient of the solute is greater than one in both primary
and peritectic phases [3].
The most common peritectic transformation in the field of metallurgy is found in
the Fe-C system, in which delta ferrite and liquid form austenite upon cooling below
the peritectic temperature [4]. A peritectic transformation is also found in many
other important commercial alloys like Fe-Ni, Fe-Ni-Cr, Cu-Zn, Cu-Sn, Cu-Al [5],
Co-Sm-Cu [6], Ti-Al [7], and Nd-Fe-B [8] alloys. Plenty of inorganic materials like
superconducting YBa2Cu3O7 can be prepared by peritectic reactions [9].
Mostly, the peritectic reaction remains incomplete due to lack of diffusion through
the solid secondary peritectic phase. Thus, primary properitectic phase remains in
the final microstructure. The volume fraction of the properitectic primary phase
and also the understanding of the solidification mechanisms regarding the magnetic
and mechanical properties are very important [10].
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Peritectic growth has been studied experimentally in several ways: observation of the
microstructures together with phase distribution in bulk specimens using thermal
and metallographic analysis, and unidirectional solidification followed by metallo-
graphy to determine the sequence and kinetics of the formation of peritectic and
properitectic phases [3]. The peritectic growth can be distinguished into three dif-
ferent stages: the reaction by direct interaction of the primary solid phase and liquid
phase; the transformation during peritectic phase thickening by solid state diffusion;
and the direct solidification of the peritectic phase on the primary phase [3].
Early studies using unidirectional solidification in peritectic alloys at slow growth
rate showed a tendency to form bands due to non-steady state growth [2, 11]. The
qualitative explanation for the formation of peritectic bands has been given by
Barker et al. [12] and Boettinger [2]. Trivedi [13] developed a model for band forma-
tion, taking into account both nucleation and growth of phases. The formation of
bands is explained by nucleation and growth of the second phase during the initial
transient of plane-front growth of the primary phase and vice versa. This occurs
because the liquid ahead of the growing interface is constitutionally undercooled
with respect to the other phase. As the second phase nucleates and grows ahead
of the primary phase, the former phase can not reach the steady state. Similarly,
the primary phase nucleates again during the transient growth regime of the sec-
ond phase, preventing it reaching the steady state. Consequently, a cycle is set up
leading to the layered microstructure [13]. Besides these, eutectic-like two-phase mi-
crostructures were observed in Ni-Al [14], Zn-Cu [15, 16], Sn-Cd [2], and Fe-Ni [17]
peritectic alloys. The two phases grow simultaneously at the solid-liquid interface,
instead of growing alternately as in the banded structure.
Directionally solidified microstructures of Ti-Al alloys were studied by Su et al. [18]
using a thermodynamic model for the Ti–Al binary system. A model for isothermal
coarsening of secondary dendrite arms in peritectic reaction and transformation was
proposed to evaluate the secondary dendrite arm spacing of the primary phase in di-
rectional solidification of peritectic alloys [19]. Recently, Trivedi developed a model
for the nucleation of the second phase at the growing primary phase during direc-
tional solidification [20,21]. Moreover, he proposed models based on nucleation and
diffusive growth to establish the mechanisms that lead to different microstructure
formation in peritectic systems. Umeda et al. proposed a phase selection model
using the dendrite theory and applied this model to various peritectic alloys like
Fe-Ni, Fe-Cr-Ni and Fe-Nd-B [22] during directional solidification.
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Lamellar growth has been observed in a peritectic Zn-rich Zn-3.37 wt.% Cu alloy
by Bridgman solidification at different growth velocities by Li et al. [15]. A similar
lamellar structure was found by Su et al. for Zn-rich Zn-2.7 wt.% Cu alloy using laser
surface remelting experiments [23]. A detailed experimental study was conducted by
Ma et al. [10, 16] on the microstructure length scales like cell spacing, primary and
secondary dendrite arm spacing, size of nonaligned dendrites of the primary phase,
and volume fraction of primary phase as functions of alloy concentration and growth
velocity in the unidirectional solidification of Zn-rich Zn-Cu peritectic alloys. A
detailed comparative study was performed by Xu et al. [24] using rapid solidification
experiments and Bridgman solidification experiments for Zn-rich Zn–Ag peritectic
alloys. Lo et al. [25] reported the first experimental observation of two-phase island
banding microstructures that consist of rows of islands of one solid phase (either
peritectic or primary) inside the continuous matrix of the other phase in directionally
solidified peritectic Fe–Ni alloys .
The melt undercooling technique has been proven to be a powerful tool to investigate
the formation of metastable phases in rapid solidification processing of peritectic al-
loys. Wang et al. [26] achieved a large undercooling by the glass fluxing method for
the Cu-14.4 wt.% Ge peritectic alloy and explored the nucleation and growth charac-
teristics of primary and peritectic phases. Liu et al. [27] studied the phase evolution
behavior of undercooled near equal atomic percent Ti–Al alloys as a function of melt
undercooling, by thermodynamic and kinetic calculation. Löser et al. [28] performed
a comparative study on the effect of undercooling on phase selection in Fe-Mo, Co-Si
and Al-Co peritectic alloys by means of electromagnetic levitation (EML) experi-
ments. In their study, the features of solidification modes were revealed both by
in situ observation of the solidification kinetics during the recalescence process and
microstructure analysis of as-quenched undercooled samples.
Although a number of experimental and theoretical reports were published on the de-
pendency of growth velocity and temperature gradients on band structures, lamellar
structures, and microstructural length scales, the effect of convection on peritectic
transformation is scarcely understood.
Trivedi et al. reported the formation of a convection-induced novel oscillating mi-
crostructure in the peritectic Sn–Cd system in directional solidification studies [29].
It was observed that convection effects yield significantly different microstructures
than those predicted by the diffusive growth models [30]. Very recently, Ren et al. re-
ported the effect of a magnetic field on peritectic transformation during solidification
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of a Bi–Mn alloy [31]. They observed that the application of high magnetic field
increases the temperature of the peritectic transformation together with the split-
ting and separation of the peritectic phase. This was attributed to the repulsive
force among the peritectic grains generated by the magnetization during the phase
transformation.
1.2 Origins and effects of convection
As liquids undergo solidification, fluid flow and turbulence occur in the solidifying
liquid pool and have critical influences on both the solidification process and product
quality control. There is extensive research devoted to develop a fundamental un-
derstanding of convective flows in solidifying melts and to design effective measures
to control and optimize solidification processing systems.
Melt convection may be classified by the physical mechanism driving convective
currents. During induction melting, the different types of convection modes gen-
erated inside the melt include buoyancy-driven convection, capillary (Marangoni
convection), electromagnetically driven convection and forced convection [32].
Buoyancy driven convection or natural convection occurs when a fluid is subjected to
a temperature gradient in a gravitational field. Melts have generally a temperature
dependent density. Additionally, the melt density varies with the concentration of
dopants and constituents which are non-uniformly distributed within the melt due
to segregation effects. Any gradient of the melt density has the potential to initiate
the buoyancy flow [32].
Capillary convection or Marangoni convection occurs if free melt surfaces exist in
the growth configuration. The surface tension of the melts is concentration and
temperature dependent. It decreases with the increase in temperature. In a free
melt surface with a temperature or concentration gradient, surface tension forces
drive the flow from regions of low surface tension (hot) to the regions of high surface
tension, which is cold. The surface tension forces are balanced by viscous shear
forces which transfers momentum to neighboring liquid layers because of fluid visco-
sity. The influence of capillary-driven convection is important when the free surface
area is large in relation to the melt volume. Capillary convection has been mainly
studied in floating zone configurations with transparent fluids. The importance of
capillary convection for the growth of semiconductors was postulated by Chang et
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al. [33]. Since then, several groups have started to investigate the effect of capillary
convection during the growth of semiconductor and metal melts [32,34].
During induction melting, which is widely used for solidification, another type of
convection mode is generated which is termed as electromagnetically driven convec-
tion. In this process, an alternating current (AC) current flows through an inductor
around the melt and generates an eddy current in the melt. The eddy current inter-
acts with the self-induced magnetic fields to produce the Lorentz force which induces
a stirring effect inside the melt. The electromagnetically driven flow is caused by the
axial nonuniformity of the Lorentz force pinching the melt into radial direction [35].
Under the influence of radio frequency (RF)-induced electromagnetic field, the max-
imum velocity of the fluid can reach 10–100 cm/sec, which is more than one order
higher than the Marangoni convection in the molten zone [36]. Sometimes, due to
very strong electromagnetic forces and high corresponding Reynolds numbers, the
convection has a turbulent nature. The convection pattern and strength depend
upon the design of the RF coil, the frequency of the generator and thermophysical
parameters of the melt.
Forced convection is caused in melt growth by any mechanical part in contact with
the melt, which has a relative motion with respect to the melt. During crystal
growth, the most important case is the rotation of the growing crystal relative to
the crucible in the Czochralski configuration or relative to the polycrystalline feed
in the floating zone technique [32].
Because of high purity requirements and the hostile environment, little instrumen-
tation is available during crystal growth or solidification process. Instrumentation
is usually limited to thermocouples or optical pyrometers needed to measure and
control the temperature. As a result, most of the existing experimental evidence
of convective flows in a melt can not be obtained. Instead, model experiments are
performed based on dimensional analysis. Numerical simulation is an effective way
to predict the convection pattern considering the process parameters and thermo-
physical properties of the melt. In order to simulate the convection regimes, the
steady state Navier-Stokes equations are solved numerically.
Buoyancy driven convection is ascertained by the Grashof number:
Gr =
βT .g.∆T.D
3
crystal
ν2
, (1.1)
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where βT is the volumetric thermal expansion coefficient, g is the gravitational
acceleration, ∆T is the characteristic temperature difference in the melt, Dcrystal is
the characteristic size of the molten zone and ν is the kinematic viscosity [36–38].
The Grashof number is the ratio of buoyancy force to viscous force in the melt. When
Gr >> 1, the viscous force is negligible compared to the buoyancy and inertial forces.
The Prandtl number is defined as the ratio of momentum diffusivity (viscosity) and
thermal diffusivity. Thus,
Pr =
ν
αmelt
, (1.2)
where αmelt is the thermal diffusivity of the melt. For small Pr << 1, the heat in
the melt is mainly transferred by diffusion, but for Pr > 1, heat transport plays a
large role. Almost all liquid metals exhibit Pr in the range 0.004 to 0.03, whereas,
Pr > 1 for melts of oxide materials [36–38].
The Rayleigh number is defined as the product of the Grashof number (Gr) and the
Prandtl number (Pr) [36–38] and is described as:
Ra = Gr × Pr =
βT .g.∆T.D
3
crystal
ν.αmelt
. (1.3)
If the temperature difference in the melt is increased beyond a certain limit (criti-
cal temperature difference), the gravitational instability overcomes the viscous and
thermal damping effects and the fluid is set into motion, causing buoyancy-driven
convection.
The strength of the thermocapillary convection is governed by the Marangoni num-
ber:
Ma =
(∂γ/∂T ).∆T.Dcrystal
ρmelt.ν.αmelt
, (1.4)
where ∂γ/∂T is the surface-tension-temperature coefficient of the melt and ρmelt is
the melt density [36–38].
The governing characteristic number is the Reynolds number, which is the ratio
of inertial force (vsρmelt) to viscous force (µ/Dcrystal), where vs is the mean fluid
velocity and µ is the dynamic fluid viscosity [36–38]. Thus, Reynolds number is
given as follows:
Re =
ρmelt.vs.Dcrystal
µ
=
vs.Dcrystal
ν
, (1.5)
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as ν = µ/ρmelt.
This number is used to identify different flow regimes, such as laminar or turbulent
flow. Laminar flow occurs at low Reynolds numbers, where viscous forces are do-
minant, and is characterized by smooth and constant fluid motion, while turbulent
flow occurs at high Reynolds numbers and is dominated by inertial forces, producing
random eddies, vortices and other flow fluctuations.
The Reynolds number for a rotating liquid ensures similarity in the ratio between
rotational (centrifugal or Coriolis) and viscous forces and can be described as:
Rex ≡
Ω.D2crystal
µ
, (1.6)
where, Ω is the angular velocity of the rotating liquid.
The Reynolds number may be replaced by the Ekman number (Ek), which is, in
essence, the inverse Reynolds number. It is defined as the ratio of viscous forces to
centrifugal forces [32, 39] and is used to describe the convection state of a rotating
melt. The Ekman number is given as follows:
Ek =
ν
Ω.D2crystal
. (1.7)
The Schmidt number is a dimensionless quantity with important applications to
transport phenomena. The Schmidt number is a function only of fluid properties
in comparison to other dynamic dimensionless numbers for melt convection. It is
defined as the ratio of momentum diffusivity (viscosity) and mass diffusivity. It is
used to characterize fluid flows in which there are simultaneous momentum and mass
diffusion convection processes. This is one of the most important characteristics of
solute transport in the melt. It is described as,
SC =
ν
Dsolute
, (1.8)
where Dsolute is the diffusion coefficient of solute atoms in the melt. Even in the
absence of temperature gradients inside the melt, solute concentration gradients
may influence the convection state. The additional convection flow may arise from
solute driven Marangoni force and solute density gradients [36–38].
10 Chapter 1. Fundamentals and background
Theoretical and numerical simulation [40–44] as well as experimental studies [45–51]
have been performed to understand the effect and nature of convection during crystal
growth and solidification processes.
1.3 Nd-Fe-B alloy system
1.3.1 Background
Permanent magnets have wide application fields in electromechanical devices, me-
chanical force and torque devices, electron and ion-beam control and medical appli-
cations. The widely used products in which permanent magnets are indispensable
are televisions, telephones, computers, radio systems, household appliances and au-
tomobiles [52].
The first practical application of a permanent magnet material was the use of lode-
stone in a compass for navigation, by the Chinese some 2000 years ago. The most
spectacular advances in permanent magnet materials have occurred over the past
100 years, as the magnetic steels of the late nineteenth century were replaced by
intermetallic compounds and oxides of the twentieth century. The AlNiCo alloy
was discovered in Japan during the 1930’s and the ceramic hexaferrites in Holland
by Philips in the 1950’s [53]. These permanent magnet materials found wide ap-
plications in electric motors, loudspeakers and generators. A dramatic revolution
in permanent magnets occurred over last few decades with development of mag-
nets based on rare-earth intermetallic alloys. The first of the new rare-earth mag-
nets was samarium-cobalt, which became available in the 1970’s [54], followed by
neodymium-iron-boron magnets (NdFeB) in the mid of 1980’s [55]. The improve-
ment in permanent magnet materials over the past 100 years can be tracked by the
maximum energy product, (BH)max, the most common figure of merit for a perma-
nent magnet. (BH)max is the maximum product of the magnetic induction, B, and
magnetizing field strength, H, in the second quadrant of the magnetic hysteresis
curve. (BH)max provides a measure of the field that can be produced outside a
unit volume of magnet material. The larger the (BH)max, the greater is the poten-
tial for reducing the size and weight of a device by replacing other magnets having
lower (BH)max value. The favorable features have made NdFeB the magnet of first
choice, resulting in its widespread use and the rapid expansion of the world’s rare-
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earth permanent magnet market. Nd-Fe-B based permanent magnets are nowadays
widely used in hard disc drivers, floppy disc drivers, CD Rom, etc. in the field of
information technology.
The remarkable magnetic properties (high saturation magnetization and large mag-
netocrystalline anisotropy) of the Nd2Fe14B phase were first reported by Sagawa
et al. [55] and Croat et al. [56]. Since then, a great development of the Nd-Fe-B
permanent magnets has been occurred in last two decades.
1.3.2 Phase formation of Nd2Fe14B
Several authors studied the crystallography of the Nd2Fe14B phase intensively [57–
59]. The unit cell of Nd2Fe14B shows a tetragonal lattice symmetry and each unit
cell contains four formula units or 68 atoms (Fig. 1.3). Each Nd2Fe14B unit cell
consists of an eight-layer repeat structure. All the Nd and B atoms together with
four Fe atoms are in the z = 0 and z = 1/2 mirror planes. Between these planes
the other Fe atoms form three puckered nets. The cell parameters are c =1.22 nm
and a = 0.88 nm, indicating a high crystallographic anisotropy, in strong correlation
with the magnetic anisotropy.
Figure 1.3: Tetragonal unit cell of Nd2Fe14B [58].
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Nd-Fe-B based permanent magnets exhibit a complex multiphase microstructure
leading to the formation of nonmagnetic and soft magnetic phases in addition to the
hard magnetic Nd2Fe14B phase [60]. The Nd-Fe-B ternary phase diagram predicts
three equilibrium phases: hard magnetic Nd2Fe14B phase (Φ), the boride phase
Nd1+εFe4B4 (η), and the low melting Nd-rich phase. Various other phases like
α-Fe, or Nd oxides are also found depending on composition and related processing
parameters [60]. The value of ε in Nd1+εFe4B4 (η) is 0.11 [59]. The section of the
ternary phase diagram of the Nd-Fe-B system at a Nd/B ratio of 2/1 is shown in
Fig. 1.4.
Figure 1.4: Quasi-binary phase diagram of the Nd-Fe-B ternary system with Nd/B
ratio of 2/1 [60].
The formation of the ferromagnetic Nd2Fe14B phase occurs through a peritectic
transformation at 1453 K: L + γ-Fe → Φ for stoichiometric Nd2Fe14B composi-
tion [60]. The incomplete peritectic reaction leads to the formation of α-Fe. By
exceeding the peritectic limit (below 77 at.% Fe), only two phases can exist in equi-
librium: Nd2Fe14B and the liquid. On further cooling, Φ and η phases are formed
simultaneously from the liquid. At room temperature, the microstructure consists
of Φ, η and solid solution of Fe and B in Nd (i.e. Nd-rich phase) [60]. During
the magnet preparation process, the Nd-rich phase acts as a sintering aid. It con-
tains approximately 95 at.% Nd, 3-5 at.% Fe and a trace amount of B and has a
hexagonal structure with a lattice constant of 0.52 nm [61, 62]. Fig. 1.5 shows the
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Figure 1.5: Isothermal section of the ternary Nd-Fe-B phase diagram at 1273 K
[60].
important isothermal section of the ternary Nd-Fe-B phase diagram at 1273 K. This
is the usual temperature used for the liquid-phase sintering for the preparation of
Nd-Fe-B permanent magnets.
In the two phase region, the Φ phase is in equilibrium with the liquid. In the
three phase region, Φ is in equilibrium with liquid and η or with the liquid and
ferromagnetically soft phases like Nd2Fe17. In the regions with lower Nd content,
the Φ is in equilibrium with Fe and Nd2Fe17 or with η. When the composition lies
in the Fe-rich range, the Φ phase coexists with Fe or Fe2B. The commonly used
composition for magnet preparation falls in the three phase region [52,60].
1.3.3 Magnetic properties of Nd2Fe14B
The spontaneous magnetic order in ferromagnetic materials is caused by the ex-
change coupling between atomic magnetic moments. Above the Curie temperature,
the ferromagnetic order breaks down. The stable equilibrium state of a ferromagnet
is determined by the minimization of the magnetic Gibbs free energy in an external
field, expressed as [63]:
E = EH + ES + Eex + EA, (1.9)
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where EH is the magnetostatic energy, ES is the stray field energy, Eex is the ex-
change energy and EA is the magnetocrystalline anisotropy energy.
The intrinsic magnetic properties are the Curie temperature (TC), the saturation
magnetization (MS) and the anisotropy field (HA). The saturation magnetization
is achieved by applying an external field higher than the anisotropy field (HA). The
anisotropy field (HA) is the field at which the magnetocrystalline anisotropy energy
EA is overcome and all magnetic moments are aligned in the direction of the applied
field.
The magnetocrystalline anisotropy energy for a low symmetry crystal structure
(hexagonal or tetragonal) can be expressed as [63]:
EA = K1 sin
2 θ + K2 sin
4 θ + K3 sin
6 θ + K
′
2 sin
4 θ cos 4ϕ + K
′
3 sin
6 θ cos 4ϕ, (1.10)
where Ki and K
′
i are anisotropy constants, θ is the angle between the magnetization
direction and the c axis and ϕ is the angle between the projection of the magnetiza-
tion vector in the basal plane and the a-axis [52]. Higher powers are generally not
needed, and sometimes K2 can be neglected. Uniaxial materials have a single easy
axis and, therefore, the anisotropy energy depends on a single angle, the angle θ be-
tween the magnetization direction and the easy axis. K1 is positive (4.5 MJ/m
3) for
Nd2Fe14B at room temperature, indicating the uniaxial anisotropy of the Nd2Fe14B
phase with the easy axis of magnetization along the c-axis of the tetragonal crys-
talline structure [64]. The anisotropy field (HA) for Nd2Fe14B is 6.7 T [65].
The high magnetocrystalline anisotropy of the Nd2Fe14B phase is the result of the
spin-orbit coupling of the 3d-4f orbital states, stabilized by the crystalline electric
field (CEF). The magnetocrystalline anisotropy of this phase arises mainly from (a)
the interaction of the partially filled aspherical 4f shell of the rare earth with the
crystal field and (b) the coupling of the direction of the 3d magnetization (mainly
carried by the spin) to the orbital moment, and, thus, to the anisotropic crystal
environment, by spin-orbit interaction. Both the Nd and Fe sublattices are aligned
parallel in Nd2Fe14B producing a room-temperature magnetization of 1.61 T. The
Curie temperature of Nd2Fe14B phase is 585 K.
The microstructure (phases, distribution, texture, particle size, porosity, shape) of
a magnet controls the extrinsic magnetic properties like coercivity, remanence and
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energy product. They can be determined from the hysteresis loop. Fig. 1.6 shows a
schematic hysteresis loop of an ideal permanent magnet, where the polarization (J)
or magnetic flux density (B) is plotted as a function of the applied field (H), and
J = µ0M (1.11)
and
B = µ0H + J, (1.12)
where µ0 is the permeability of free space, equal to 4π10
−7 Tm/A.
Figure 1.6: Hysteresis loops for an ideal permanent magnet (J-H and B-H loops).
The hysteresis loop is a means of characterizing magnetic materials. From the first
quadrant the saturation polarization, JS and hence the saturation magnetization,
MS can be measured. Most of the useful information, however, can be derived from
the second quadrant of the loop. The remanent polarization (Jr) is the polarization
without external magnetic field. The reverse field required to bring the induction
to zero is called the inductive coercivity, bHc, whereas the reverse field required to
bring the magnetization to zero is called the intrinsic coercivity, jHc. The maximum
energy density, (BH)max is shown in Fig. 1.6 as the maximum area under the second
quadrant of the hysteresis loop. The maximum theoretical energy density is defined
as J2s /4µ0, which is 509 kJ/m
3 for Nd2Fe14B [58].
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1.3.4 Processing routes of Nd-Fe-B magnets
Research efforts have contributed to the development of a variety of approaches to
manufacture Nd-Fe-B magnets. The processing routes of Nd-Fe-B magnets play an
important role in determining the microstructure and thus their extrinsic magnetic
properties. The common processes for producing these magnets are conventional
powder metallurgy methods [52, 66] and melt spinning followed by hot pressing
of nanocrystalline powders [52]. Other techniques are inert gas atomization, me-
chanical alloying and the Hydrogen Disproportionation Desorption Recombination
(HDDR) process [67–69].
In the powder metallurgy route, first microcrystalline alloys of Nd-rich composition
are produced by induction melting of Nd, Fe and Fe-B in the form of cast ingots. The
ingots are milled to fine powder composed of particles of 3-5 µm size to allow perfect
alignment in an external magnetic field. The fine powder is then pressed, sintered
and finally heat treated. Dense bulk magnets can be prepared by taking advantage
of the low-melting Nd-rich (η) intergranular phase. This intergranular phase is not
ferromagnetic at room temperature [66,70]. It acts as decoupling layer between the
Nd2Fe14B ferromagnetic grains and blocks the reverse domain propagation. The
major advantage of the powder metallurgy process is that a wide variety of sintered
shapes can be produced and machined to their tolerances but a disadvantage is the
high reactivity and oxidation tendency, even at room temperature. The presence of
the properitectic soft magnetic α-Fe phase in the microstructure is detrimental for
the hard magnetic properties of Nd-Fe-B magnets [52].
The melt spinning process is based on rapid solidification [56]. A stream of molten
alloy is directed and quenched on the surface of a rotating water cooled copper wheel
where the liquid solidifies at a cooling rate of up to 106 K/s. This leads to an ultra-
fine grain size of typically 20-50 nm depending on the wheel speed. The different
parameters in this quenching process (e.g. wheel speed, ejection condition and melt
temperature) govern the microstructure of the ribbon. It was reported that there
is a strong dependency of the coercivity on the wheel speed [71]. The ribbons are
crushed to powder and mixed with resin and molded by injection or compression.
Thus, isotropic magnets with a relatively low energy density up to 80 KJ/m3 are
obtained [67,68].
A larger remanence can be achieved by hot pressing the crushed ribbons to full
density followed by hot deformation. Aligned Nd-Fe-B magnets with higher energy
Chapter 1. Fundamentals and background 17
density of more than 140 KJ/m3 can be prepared by the application of a magnetic
field on the powder [67,68].
Mechanical alloying is a solid-state reaction process and is used for the preparation of
metastable alloys. This method was originally established for superalloys [72]. The
alloying can take place either during milling or during a subsequent heat treatment
process depending on the thermodynamics of the alloy system, the energy input
during milling and the mechanical workability of the starting powders. Schultz
et al. [69, 73] reported that a layered microstructure of Fe and Nd is formed with
B particles remaining undeformed and being embedded in the interfaces during
ball milling. When these powders are annealed at low temperatures (873-973 K),
the ferromagnetic Nd2Fe14B phase is formed within a short reaction time of 10-30
minutes due to the extremely fine distribution of the reactants. Thus, an isotropic
powder of randomly oriented nanocrystallites in the size range of 10 to 50 nm is
obtained.
The discovery of the Hydrogen Disproportionation Desorption Recombination (HD-
DR) process was a significant progress to achieve higher energy density magnets
[74,75]. In this process, first, Nd-Fe-B ingots are heated in hydrogen atmosphere at
1073 K. The first stage is the decrepitation of the alloy due to the initial absorption
of the hydrogen. However, at a temperature of 973 K, the Nd2Fe14B matrix phase
disproportionates according to the reaction:
Nd2Fe14B + (2± x)H2 ⇔ 2NdH2±x + 12Fe + Fe2B + ∆H, (1.13)
where ∆H is the exothermic (absorption) or endothermic (desorption) heat of reac-
tion. The particular value of x depends on the hydrogen pressure and temperature.
This is an exothermic reaction and the disproportionated alloy consists of an intimate
mixture of fine NdH2±x in an α-Fe matrix. The Fe2B phase forms isolated grains.
On removal of the hydrogen by vacuum annealing, Nd, Fe2B and α-Fe recombine to
form Nd2Fe14B with a submicron (≈ 0.3 µm) grain size. Thus, the HDDR process
converts coarse-grained ingot materials into very fine-grained powder. Processing
of HDDR anisotropic powder results in bonded magnets with a maximum energy
density up to 168 KJ/m3 [75–77].
Coehoorn et al. [78] reported that the crystallization of melt-spun amorphous rib-
bons of Nd4Fe78B18 results in a nanocomposite magnet consisting of only 15 vol.%
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hard magnetic Nd2Fe14B phase, and of 73 vol.% Fe3B and 12 vol.% α-Fe soft mag-
netic phases with an energy product of (BH)max = 95 KJ/m
3. Kneller and Hawig [79]
theoretically described this type of ‘exchange-spring magnet’, which is a mixture of
hard and soft magnetic phases. A nano-size grain structure is essential to have
an effective coupling between the phases. The coupling occurs when the soft mag-
netic grains are smaller than the exchange length. The theoretical calculation [79]
describes that in a nanocomposite magnet, magnetization in the soft grains is pre-
vented from its reversal by intergrain exchange interaction between soft and hard
grains, and intergrain exchange interaction plays an important role in determining
magnetic properties. An optimum microstructure, which is favorable for good hard
magnetic properties, would consist of a homogeneous dispersion of a hard phase in
a soft phase, both on a 5–10 nm scale. Moreover, the dispersion of the phases must
be regular, because exchange coupling implies crystallographically coherent align-
ment of two phases with generally different structures [79]. The exchange-coupled
nanocomposites produced either by melt spinning or mechanical alloying contain
different concentrations of the Nd2Fe14B hard magnetic phase and of the soft mag-
netic α-Fe and Fe3B phases, depending on the chosen composition and production
parameters [58,80]. Due to the high remanence, large energy product and low cost,
exchange spring magnets provide attractive potential applications as permanent
magnets.
In order to achieve the highest possible remanence and, consequently, the highest
energy density (BH)max for Nd-Fe-B magnets, maximum crystallographic alignment
of the constituent grains or a maximum degree of texture is needed besides the op-
timization of the alloy composition, microstructure and minimization of impurities.
Texturing can be performed for both microcrystalline and nanocrystalline magnets.
In an ideally textured polycrystalline bulk magnet, all single crystallites are oriented
with their easy axis of magnetization (crystallographic c axis for the Nd2Fe14B sys-
tem) in the same direction. The production of anisotropic sintered magnets with a
high degree of texture and an excellent energy density up to (BH)max = 454.6 KJ/m
3
is successfully performed on an industrial scale [81].
The hard magnetic properties of Nd-Fe-B magnets depend on the processing para-
meters of different production routes. The achievement of desired microstructure is
very important in determining hard magnetic properties. Hence, in order to obtain
Nd2Fe14B-based permanent magnets with high remanence, coercivity and energy
product, the optimization of the processing parameters is very important.
Chapter 1. Fundamentals and background 19
1.3.5 Previous studies on solidification kinetics and
microstructure evolution
As a result of incomplete peritectic reaction, the soft magnetic primary α-Fe phase
remains in the final alloy ingots and deteriorates the magnetic properties. Besides
this, the presence of α-Fe dendrites makes the subsequent powder preparation more
difficult, and therefore they have to be removed by annealing the ingots at elevated
temperature for a long time. On the other hand, rapidly quenched Nd–Fe–B ribbons
often possess an inhomogeneous microstructure. Besides an inhomogeneous grain
size distribution, the phase constituents vary from the substrate side to the free
surface side. These inhomogeneities are detrimental to the magnetic properties of
the final magnets. The prediction of phase formation and microstructure evolution
during solidification with respect to alloy composition is a challenging issue for Nd-
Fe-B alloys and a lot of articles have been published addressing this issue [58,60].
The improvement of the magnetic properties of Nd-Fe-B type magnets has benefited
from intensive investigations on small additions of alloying elements [82]. Although
it is known that no element can be beneficial to all of the permanent magnetic
properties, it is possible to improve a particular magnetic property according to the
industrial need for a specific application. All rare earth elements from Ce to Lu may
substitute Nd. Heavy rare earth substitution such as Dy and Tb for Nd improves
the coercivity due to increase in anisotropy [82]. However, this is deleterious for the
remanence of the magnet. The transition metals Mn, Ni and Co can all substitute Fe
in the Nd2Fe14B unit cell. Addition of Ni improves the Curie temperature while Mn
addition lowers it [83]. Co substitution for Fe increases the Curie temperature and
thermal stability of the magnets, and the remanence, with impaired coercivity at
room temperature. For this reason, Co is added with some other effective coercivity
improving elements [83]. Improvement of coercivity has also been achieved by adding
Nb [84–86], Mo [83], V [87], W [88], Al [89, 90], Ga [85, 91], Cu [84] and Ti [92]
elements. These additives improve the microstructures either by precipitation within
the hard magnetic Nd2Fe14B phase or by the formation of new grain boundary
phases.
The stability and structure of different phases were discussed qualitatively in re-
lation to the phase constitution in rapidly quenched Nd-Fe-B ribbons by Jha and
Davies [93]. The solidification kinetics of Nd-Fe-B melts was discussed by a time–
temperature–transformation (TTT) diagram, calculated on the basis of theories of
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homogeneous nucleation and growth and of the kinetics of phase transformation [93].
The nucleation rate, the crystal growth rate and the transformation diagrams of tem-
perature versus time and temperature versus heating rate for the primary crystalliza-
tion of the hard magnetic Nd2Fe14B phase in amorphous Nd13Fe79B8 were reported
by Clavaguera and Diego [94, 95]. The models proposed for the microstructure for-
mation, which are mostly concerned with the competition between the driving force
of the nucleation and growth processes, have some shortcomings when applied to Nd-
Fe-B alloys [96,97]. The influence of the peritectic reaction and the effect of the heat
of crystallization are not considered in the models. Kramer et al. [98,99] considered
a solidification model to show the influence of recalescence on the microstructure
in optimally quenched or overquenched rapidly solidified materials and the role of
additives on inhibiting grain growth. These models describe the evolution of mi-
crostructures related to the thermal gradient as well as the phase selection process
undertaken during solidification of rapidly solidified Nd–Fe–B alloys. These models
explain the observed microstructures from nanophased equiaxed grains transitioning
to large elongated grains, and provides both diagnostic and predictive information
concerning rapid solidification processing methods.
Hermann et al. [100,101] studied the solidification kinetics of undercooled Nd-Fe-B
alloys using the electromagnetic levitation technique. The kinetics of the solidifica-
tion process was studied in situ by measuring the temperature-time characteristics
of levitated droplets. The features of solidification modes were revealed both by
in situ observation of the solidification kinetics during the recalescence process and
microstructure analysis of undercooled samples. Undercooling is defined as the
temperature drop in the liquid below the liquidus temperature before recalescence
occurs. The solidification of the undercooled melt drop was initiated either by trig-
gering at a well defined undercooling level below the liquidus temperature or it
occurred spontaneously. A few selected samples were quenched onto chill substrates
in order to reveal the solidification sequence and microstructure formation processes.
The growth velocity of the Nd2Fe14B phase estimated from in situ measurements
was determined to be on the order of 1 mm/s [100, 101]. During slow cooling, γ-Fe
nucleation could not be avoided but quenching of the melt drops led to primary
Nd2Fe14B phase formation and the suppression of γ-Fe. A critical cooling rate at a
well-defined undercooling level is essential for the suppression of γ-Fe. These inves-
tigations contributed to the improved understanding about the high sensitivity of
the microstructure of Nd-Fe-B alloys on different solidification routes.
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The growth kinetics of stoichiometric Nd–Fe–B alloys with Ti, Mo and C additions
has been investigated with the electromagnetic levitation technique by Hermann
and Bächer [102]. A strong reduction of the growth velocity of the Nd2Fe14B phase
in Nd–Fe–B–Ti(Mo)–C was observed compared to the Nd–Fe–B alloy without any
addition. Moreover, it was revealed that the alloying additions limit the undercool-
ing range due to increased nucleation tendency with an improved grain refinement.
The study with Ti and C additions by Filip et al. [103] showed a strong reduction
of the growth velocity of Nd2Fe14B compared to the addition-free Nd–Fe–B alloy.
The cooling rate prior to solidification drastically influences the morphology of the
TiC precipitates which influence the nucleation of the properitectic γ-Fe phase in
the undercooled stage [103].
Gao et al. [104–106] reported the presence of a metastable Nd2Fe17Bx compound
at large undercooling using the drop tube technique and electromagnetic levitation.
Ozawa et al. [107] studied Nd-Fe-B alloy ingots with the stoichiometric composi-
tion under microgravity conditions achieved by drop shaft experiments. The super-
heated melt was quenched under microgravity conditions of 9.8×10−5 ms−2 for 10
sec achieved by dropping a capsule with the electric furnace into a 500 m long shaft.
They observed a homogeneous distribution of equiaxed Nd2Fe14B grains of same
size throughout the entire section together with small amounts of α-Fe and Nd-rich
phase. The ingots solidified under 9.8 ms−2 showed the presence of similar phases.
However, the alloy solidified under microgravity exhibited a better homogeneity and
smaller grain size compared to the samples solidified at 9.8 ms−2.
Though there are many reports on the effect of additives and solidification para-
meters on the microstructure evolution of Nd-Fe-B alloys, there are less reports on
the effect of melt convection on the solidification of Nd-Fe-B alloys. Recently, Her-
mann et al. [108–110] studied the effect of convection on the microstructure evolution
of Nd-Fe-B alloys and found that the volume fraction of α-Fe phase varies with the
strength of the internal flow. Filip and Hermann [111] used the electromagnetic lev-
itation technique to investigate the influence of melt rotation on the microstructure
formation of Nd–Fe–B alloys. Samples were subjected to strong rotation during lev-
itation and compared with fixed samples without additional sample rotation in the
levitation facility. A drastic reduction of the α-Fe volume fraction and grain refine-
ment were observed in samples with strong sample rotation. Furthermore, Hermann
and Filip investigated the effect of melt convection using a forced rotation facility
for stoichiometric Nd-Fe-B and observed that as the rotational frequency increases,
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the volume fraction of α-Fe phase decreases [110]. Emmerich and Siquieri [112] pro-
posed a phase-field approach to investigate the influence of convection on peritectic
growth as well as the heterogeneous nucleation kinetics of the peritectic Nd-Fe-B
system.
1.4 Ti-Al alloy system
1.4.1 Background and applications
The attractive physical and mechanical properties of intermetallic alloys have been
recognized since early of the 19th century. Ti-Al-based intermetallic alloys have
attracted much attention because of their potential as a new high-performance,
high-temperature structural material with a high strength-to-weight ratio [113]. In
the last two decades, there has been an increase in the research and development
of Ti-Al-based alloys for numerous reasons. Near γ-TiAl is a lightweight mate-
rial for automotive and aerospace applications [113]. This potential stems from
the material’s high modulus of elasticity and good oxidation resistance. In this
context, γ-titanium aluminides are considered as top candidate materials for struc-
tural use. This is essentially due to some interesting properties such as low density
(3.9-4.1 g/cm3), high specific strength and high specific stiffness combined with rel-
atively low creep [114–116].
The unique properties of Ti-Al-based alloys are useful for automotive power-train
applications [117, 118]. Recent trends to near stoichiometric fuel-air mixtures and
higher engine speeds increase the valve temperatures [117, 118]. Near γ-TiAl inter-
metallics allow the valves to operate at higher temperatures. The low density of near
γ-TiAl also provides significant benefits to the engine including higher fuel economy
and reduced noise and vibration. A reduction in the total weight of engine requires
lower spring loads to close the valves. In turn, less energy is necessary to open the
valves. Other potential automotive components include turbocharger rotors, and
connecting rods. Both General Motors and Ford have tested near γ-TiAl for several
years [117,118].
Aerospace applications of near γ-TiAl include gas turbine engine parts such as high
pressure compressor or low pressure turbine blades, as well as structural components
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such as turbine frame and fan sections. The low density of near γ-TiAl provides an
advantage in reduced weight for these components [117–119].
1.4.2 Phase diagrams, crystal structures and phase forma-
tion
The Ti-Al binary phase diagram has long been a topic of controversy because of
several reasons like preferential evaporation of aluminium at high temperatures and
contamination by gaseous impurities like oxygen. The proposed phase diagrams
exhibit several discrepancies not only in the equilibrium temperatures and the com-
positions but also in their phase relations. In 1951, Ogden et al. [120] published the
first tentative Ti-Al phase diagram covering the complete composition range. The
phase diagrams proposed by Murray [121] in 1987 and by Kattner et al. [122] in
1992 exhibit several contradictions in correlating equilibrium temperatures, compo-
sitions and their phase relations. The disagreements associated with phase equilibria
are severe at high temperatures, which arise mainly due to oxygen contamination.
Kainuma et al. [123] have studied these discrepancies and investigated the Ti-rich
portion of the Ti-Al system (0–50 at.% Al) at temperatures between 1073 K and
1688 K by electron probe microanalysis (EPMA) and by transmission electron mi-
croscopy (TEM) on diffusion couples as well as on annealed alloys. As the titanium
aluminides are specially used for high temperature applications, a reliable phase
diagram in this region using specimens with low levels of oxygen contamination has
become a priority.
Recently, Ohnuma et al. [124] experimentally constructed a phase diagram (shown
in Fig. 1.7) determined on specimens with carefully controlled low levels of oxygen
contamination. They calculated the phase diagram using a regular solution model
and the continuous Gibbs energy description of the phases under the split compound
energy model.
The central portion of the most recently revised Ti-Al phase diagram by Ohnuma
et al. [124] is shown in Fig. 1.8. Four solid phases are indicated: β-Ti (body
centered cubic), α-Ti (disordered hcp structure), γ-TiAl (face-centered tetragonal
L10 structure), and α2-Ti3Al (hexagonal DO19 structure). The crystal structures
and unit cells of the different phases are shown in Fig. 1.9.
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Figure 1.7: Phase diagram of the Ti-Al binary system as proposed by Ohnuma et
al. [124].
Figure 1.8: Ti-Al binary phase diagram showing the peritectic transformation
(L +α → γ) [124].
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Figure 1.9: Crystal structure and unit cell of (a) β2-TiAl (b) γ-TiAl and (c)
α2-Ti3Al phases [124].
The phase diagram in Fig. 1.8 shows that a number of phase transformations occur
in the region between 40 to 60 at.% Al. The temperature which separates the
(α + γ) and α phase fields, is called the alpha-transus temperature (Tα). The phase
diagram shows a peritectic reaction (L + β → α) at approximately 1777 K and
46 at.% Al. An eutectoid (α → α2 + γ ) reaction can be observed at approximately
1398 K and 39 at.% Al.
The phase diagram further displays another peritectic reaction (L +α → γ) at ap-
proximately 1741 K, 55 at.% Al. During this peritectic transformation, microstruc-
tures obtained after cooling from the liquid phase are sensitive to the cooling rate:
low cooling rates lead to lamellar structures with γ and α2 lamellae; higher cooling
rates are responsible for a Widmanstätten structure; α to γ massive transformation
nucleates at α grain boundaries and progresses to the grain interior at higher cooling
rates [125].
Ti-Al alloys can be broadly classified into three categories [126]: equiaxed single-
phase γ-TiAl, fully lamellar microstructures consisting of lamellar grains composed
of alternating α2-Ti3Al and γ-TiAl plates, and the mixture of equiaxed γ phase and
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lamellar (α2 + γ) phase (duplex microstructure). However, the lamellar microstruc-
tures can be classified again into two categories: fully-lamellar and nearly lamellar.
The fully lamellar microstructure consists of colonies containing aligned lamellae of
γ-TiAl and α2-Ti3Al intermetallic phases. In the case of nearly-lamellar microstruc-
tures, the boundaries of (α2 + γ) or the three-colony junctions are decorated with
fine γ-TiAl grains [115].
An important microstructural characteristic is the crystallographic Blackburn ori-
entation relationship that exists between the α2 and γ lamellar plates, which is
(0001)α2 ‖ (111)γ , and
〈
1120
〉
α2
‖ 〈110〉γ [127]. According to this relationship,
both closed packed planes and directions are parallel to each other. This relation-
ship implies that the γ lamellae will always be oriented parallel to the basal (0001)
plane of the α2 phase. It also indicates that lamellar formation is more complicated
than the typical eutectoid transformation.
For our study to investigate the effect of melt convection on the solidification of Ti-
Al-based alloys, the peritectic composition of Ti45Al55 was selected. The peritectic
conversion is represented by a dotted line in Fig. 1.8. The influence of convection
on the microstructure formation together with the volume fraction and morphology
of the properitectic phase is aimed to be studied.
1.4.3 Studies on solidification and mechanical properties of
Ti-Al alloys
Alloys based on the γ-TiAl phase have high elastic modulus, lower density, enhanced
elevated-temperature capabilities and are less likely to ignite than α2 alloys [126].
At room temperature, however, the ductility and fracture resistance of γ-TiAl-based
alloys are poor and limit the application fields [126]. Low dislocation mobility is res-
ponsible for the brittle fracture behavior at room temperature since it hinders the
formation of a plastic zone at the crack tip, which relaxes the high stress concentra-
tions [113]. The ductility also depends on grain size, and is limited by microcracks
that are induced by strain incompatibility [113].
Single-crystalline γ-TiAl shows an anomalous, positive temperature dependence of
the yield stress up to about 873 K [128]. The anomaly results from thermal activated
cross-slip of superdislocations with comparatively high mobility to slip planes where
not only the energy of the superdislocation is lower, but also the mobility due to
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a high Peierls stress, that is, the superdislocations are immobilized by thermally
activated cross-slip pinning. This anomalous temperature dependence of the yield
stress is however not always observed in polycrystalline TiAl alloys due to additional
strengthening effects at lower temperatures, in particular grain boundary hardening.
Above 1073 K, TiAl alloys show a rapid decrease in strength, perhaps due to lattice
softening and dislocation annihilation [128].
A reduction of the Al content improves the ductility at room temperature of single-
phase γ-TiAl (> 50 at.% Al). Below 50 at.% Al, Ti3Al is formed as a second phase
and the resulting intermetallic two-phase alloy shows an improvement in ductility,
which is acceptable for numerous applications [116]. However, single phase α2-Ti3Al-
based alloys exhibit limited ductility at low temperatures due to the lack of an
adequate number of independent slip systems according to the von Mises criterion
[113,129]. At room and intermediate temperatures, the fracture in this alloy occurs
by cleavage. α2 phase cracks during tensile testing and gives an effective drop of the
load-bearing area. At higher temperatures, the alloy exhibits some ductility through
thermally activated softening [113].
The creep properties of γ-TiAl-based alloys are improved beyond the behavior of
superalloys when normalized by density [113, 130]. However, the creep properties
are strongly influenced by alloy chemistry and thermomechanical processing. For
example, increased Al content and additions of W or C increase the creep resis-
tance [113]. In the completely single-phase γ region, there is no influence of grain
morphology on creep behavior. In contrary, with the presence of second phases, the
creep behavior improves with increasing grain size [113, 130]. Thermal fatigue is a
great concern as cycling in air can reduce the strength by almost 90 % compared
to the initial value. The degradation due to thermal fatigue is attributed to heavily
oxidized surface cracks. Protective coatings are used to increase fatigue life [113].
The mechanical properties of alloys having two-phase dual microstructure differ sig-
nificantly from single-phase γ-TiAl or single-phase α2-Ti3Al-based alloys [126]. The
two different types of microstructure commonly formed in two-phase TiAl alloys
are lamellar structures (α2/γ), which are generally observed in cast condition [131],
and duplex structures formed in thermomechanically treated condition [126]. The
lamellar structures with coarse grain sizes (> 500 µm) exhibit adequate fracture
toughness but usually poor tensile ductility at ambient temperatures. A very good
balance of room temperature ductility and high strength is attributed to the du-
plex microstructure consisting of lamellar α2/γ and single-phase γ grains [115]. The
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duplex γ-TiAl alloy deforms transgranularly at ambient temperature and intergran-
ularly at elevated temperature [132]. The lamellar phase also exhibits transgranular
fracture with a reduction in grain size favoring increased intergranular fracture [132].
The different mechanical properties of titanium aluminides are summarized in Table
1.1, compared with conventional Ti-base alloys and Ni-base superalloys [113,133].
Table 1.1: Properties of Ti3Al and TiAl-base alloys compared with conventional
Ti-alloys and Ni-base superalloys [113,134].
Property Conventional
Ti-base
α2(Ti3Al)-
base
γ(TiAl)-base Ni-based
Superalloys
Density,
g/cm3
4.5 4.1-4.7 3.7-3.9 8.3
Modulus,
GPa
96-100 100-145 160-176 206
Yield
Strength,
MPa
380 - 1150 700 - 990 400 - 650 250 - 1310
Tensile
Strength,
MPa
480 - 1200 800 - 1140 450 - 800 620 - 1620
Creep Limit
(K)
873 1033 1273 1363
Tensile Strain
at Fracture
(Room
temperature)
(%)
10 - 25 2 - 10 1 - 4 3 - 5
Tensile Strain
at Fracture
(High
temperature)
(%)
12 - 50 10 - 20 10 - 60 10-20
The main challenge for Ti-Al is the improvement of the limited room temperature
ductility and fracture toughness. Different trials have been made for the last few
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decades to create a favorable microstructure for better room temperature ductility
and other mechanical properties [113,126,132].
The earliest major work on γ-TiAl alloy development was initiated by the Air Force
Materials Laboratory in U.S. This research, conducted by Pratt and Whitney re-
commended Ti-48Al-1V-(0.1C) as the best alloy composition for better ductility
and creep resistance [126]. General Electric (GE) introduced a second generation of
alloys, Ti-48Al-2(Cr or Mn)-2Nb with improved ductility, strength, and oxidation
resistance. In 1993, GE conducted successful engine tests on a full-set wheel of
gamma blades with improved overall quality in the material [126].
In most TiAl-based alloys, a coarse columnar microstructure is formed during soli-
dification, resulting in a large and uneven grain size in complicated-shaped castings
[135]. Such coarse and uneven grain size gives rise to low room temperature ductility
and a large scatter in other mechanical properties. It has been shown that the
low tensile ductility can be significantly improved by refinement in grain size [135].
There are two approaches to refine the microstructures in cast TiAl alloys: through
solidification or solid phase transformation [113, 126, 136]. The first approach is
intended to refine the as-cast microstructures. Alloy composition plays a vital role
in this regard. The method includes adding strong β phase stabilizers and boron.
Addition of boron into TiAl-based alloys improves the hot workability, the tensile
strengths and ductility at room temperature [113]. Refinement of the microstructure
of TiAl alloys through solid phase transformation has been shown to be successful
on the laboratory scale [136].
TiAl has been alloyed with various substitutional and interstitial elements in order
to control and optimize the mechanical properties and corrosion behavior. In a crude
approximation, V, Mn, and Cr apparently act as Al substituents or both Ti and Al
substituents whereas Nb, Ta, Zr, Mo, and W act as Ti substituents [115,116].
There exists a relationship between ductility and fracture toughness for duplex mi-
crostructures with the finest grain size exhibiting the highest ductility but the lowest
fracture toughness, and vice versa for the large-grained, fully lamellar structure [115].
The fracture toughness, highest for lamellar structures, increases with high plastic
anisotropy and bridge-ligament formation. For both the duplex and fully lamellar
microstructure, plastic deformation is followed by cleavage-like fracture [115].
The tensile behavior at room temperature was analyzed by many researchers consi-
dering the Hall-Petch relationship for two-phase Ti-Al alloys [132,137]. From these
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investigations, it was observed that the yield strength is a function of grain size,
with the highest values evident at the lowest grain sizes. Several recent studies have
shown that mechanical twinning is an important deformation mechanism for both
long-term deformation such as creep, the deformation at high temperatures and very
low strain rate [130], and short-term deformation such as tensile and compressive
deformation and fatigue [133].
The grain size decreases with reduced Al content and with additions of W, V, Mn
and Cr [138]. Addition of Mg can markedly improve the hot workability; Mg in
particular increases the critical stress for cracking [115]. Two-phase alloys appear to
offer the greatest potential in terms of a viable structural material. A lamellar vol-
ume fraction of approximately 30% in γ-phase provides reasonable tensile strength
and ductility. The grain morphology varies considerably depending on composition,
solution treatment temperature and time, cooling rate, and stabilization tempera-
ture and time. Novel γ-TiAl alloys with Nb contents in the range of 5 to 10 at.%
and small additions of B and C are referred to as TNB alloys, which have been
developed by Appel and coworkers at the GKSS research center [115,139].
Recent research about polysynthetical1y twinned (PST) crystals of TiAl alloys sug-
gested that the mechanical properties of TiAl alloys with the lamellar microstructure
are extremely anisotropic with respect to the lamellar orientation. The recent trend
is to control the lamellar orientation of the two-phase TiAl alloys to improve the
mechanical properties by directional solidification [18,140].
More recently, cross interfaces have been found to be affected by the intrinsic nature
of γ-γ interfaces [115, 141] and of γ–α2 interfaces [115, 141, 142]. Therefore, the
distribution of such interfaces is expected to play an important role in improvement
of the mechanical properties of this category of alloys.
Besides experimental work on mechanical properties, micromechanical modeling is
essential to understand the role of the superdislocations in lamellar microstructures.
For TiAl related crystals, micromechanical simulations have been reported by Kad
et al. [143], Schlögl et al. [144] and recently by Roos et al. [145]. In the work
of Roos et al. [145], a multiscale modeling is applied based on the transformation
field analysis, where the deformation behavior of different γ-TiAl microstructures is
simulated using morphological slip parameters for the lamellar grains.
The phase formation process from undercooled Ti–Al melts has been a subject of
various investigations. The phase selection in dependence on the degree of under-
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cooling was a subject of undercooling experiments for different compositions [146].
Anderson et al. [147] studied the solidification kinetics and metastable phase forma-
tion in the binary Ti-Al alloy system. Löser et al. [148,149] studied the recalescence
behavior and metastable phase formation in binary Ti-Al and ternary Ti-Al-Nb
alloys.
Though there are several reports on the phase formation and mechanical properties
of as-cast, annealed, directionally solidified and undercooled Ti-Al alloys, there is
a lack of knowledge on the influence of melt convection on the solidification of
binary Ti-Al. Recently, Liu et al. [150, 151] proposed a two-dimensional model for
Ti–(45–48 at.%) Al alloys for the columnar-to-equiaxed transition and found that
the columnar length increases with the decrease in convection.
1.5 Aim of the work
Controlling melt convection is a very useful way to influence the microstructure of
an alloy and the properties, which depend on the microstructure. The effect of melt
convection during the solidification of eutectic alloys has been investigated in details
by several researchers [152]. In contrary, a literature review provides only a rather
limited number of reports on the effect of melt convection on the microstructure
evolution during the solidification of peritectic alloys [1, 2, 152].
To study the effect of convection on the microstructure development of peritectic
alloys, two important peritectic alloy systems having a great industrial relevance
together with some open issues and limitations were selected for investigation.
The presence of soft magnetic α-Fe in Nd-Fe-B ingots is detrimental for the hard
magnetic properties of Nd-Fe-B magnets. Furthermore, the ductile α-Fe dendrites
in the ingot make the subsequent powder preparation more difficult in powder
metallurgy.
The challenge for Ti-Al alloys is the limited room temperature ductility, which limits
their wide possible applications. The ductility is dependent on microstructure and
the distribution, volume fraction and morphology of the properitectic phase. The
increase in the volume fraction of lamellar properitectic phase in the microstructure
is beneficial for the room temperature ductility of peritectic Ti-Al alloys.
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The intention of this thesis is to study the effect of melt convection on microstructure
development of these alloys using novel techniques. The change in volume fraction
and morphology of the properitectic phase with varying convection state is the
topic of prime importance as these microstructural parameters play an important
role in determining the magnetic and mechanical properties of Nd-Fe-B and Ti-Al
alloys, respectively. The aim of this thesis is to find out suitable routes to alter the
convection state for favorable microstructures according to the process needs and to
get a generalized idea on the effect of melt convection on peritectic solidification.
Chapter 2
Experimental methods
2.1 Cold crucible levitation melting facility
A Hukin-type cold crucible levitation melting facility (CCLM) is used for the man-
ufacturing of master alloys. CCLM is very effective in obtaining a high degree of
purity and a uniform composition of the alloy. The real setup and schematic dia-
gram of this facility existing in IFW Dresden are shown in Fig. 2.1 (a) and (b),
respectively. The facility is equipped with a high-frequency generator working at
100 kHz frequency and 50 kW power for induction melting of electrically conducting
materials. A water-cooled copper crucible is used for melting charges of about 20
g. The copper crucible consists of 8 segments with an outer diameter of 44 mm and
a slit width of 1 mm in order to minimize the effect of eddy current throughout
the crucible. When high-frequency current flows through the induction coil, eddy
currents are induced in the material and the charge is heated up and subsequently
melts. The melt in the crucible is levitated with electromagnetic repulsion forces.
Thus, CCLM allows metals to be melted without any contamination from the cru-
cible wall. Melt homogenization and uniform composition of the alloy is achieved
due to the strong stirring effect by an electromagnetic force. The crucible is fixed
inside a quartz tube which is evacuated to 10−5 mbar and filled with pure Ar of
purity 4N. The induction coil is wrapped around the quartz tube and connected to
the high-frequency power supply. The temperature of the melt is measured by a
two-color optical pyrometer. The melt can be heated up to 2273 K. Each charge is
melted at least three times to ensure the homogeneity in the ultimate composition.
Finally, the molten metal is sucked through a channel by removing the copper stick
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Figure 2.1: (a) Real setup and (b) schematic diagram of the cold crucible levitation
melting facility.
at the bottom of the crucible. The molten mass solidifies into a water cooled copper
mould. The diameter of the cast rod can be varied by using copper molds of different
diameters ranging from 3 to 8 mm.
2.2 Forced rotation facility
The forced rotation facility is a novel setup which allows to alter the fluid flow inside
the melt. This facility was developed and patented at IFW Dresden to study the
effect of convection and microstructure evolution during solidification [153]. The
schematic diagram of the facility is shown in Fig. 2.2. An induction coil is wrapped
around the quartz tube and connected to a high frequency power supply (100 kHz,
50 kW). This quartz tube is mechanically fixed with an AC motor, which can be
operated at variable frequencies (0-2500 rpm). The samples are sealed in a quartz
ampoule under protective argon atmosphere at different pressures after the ampoules
were evacuated at high vacuum (10−4 mbar). The top part of the ampoules was
specially designed so that it can be fixed to the quartz tube. When the sample is
completely molten, the AC motor is switched on enabling the ampoule to rotate
at a defined rotational frequency. The temperature is monitored by a two-color
optical pyrometer visualizing the upper surface of the molten alloy through the
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Figure 2.2: Schematic diagram of the forced rotation facility.
quartz ampoule. The molten sample is rotated at that particular frequency. After
a fixed time, the power supply of the induction coil is switched off while the sample
rotates until it completely solidifies during cooling.
2.3 Floating zone facility
2.3.1 Conventional floating zone facility
Floating zone is a method for the production of high precision bulk single crystals
of silicon, oxides and intermetallic compounds. This technique circumvents the
problems resulting from the use of crucibles, especially to avoid impurities from the
crucible material. In the floating zone technique, the material is in the form of a
free-standing rod clamped only at its ends, in which a relatively small zone will be
melted by suitable heating equipment (shown in Fig. 2.3). The melt is suspended
like a drop between the two parts of the rod, leading to the designation floating zone.
The molten zone is moved through the rod over its whole length by the motion of
heater or rod. A single crystal can be generated by spontaneous nucleation or using
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Figure 2.3: Scheme of the floating zone facility [32].
a single-crystalline seed crystal as the initial part of the rod that is kept unmolten.
Mostly, the zone passage is carried out upwards, as in that case the process has a
higher stability. Usually, the growing crystal and sometimes also the melting rod is
rotated with different rotation rates or counter-rotation [32].
The computer-aided floating zone facility with radio frequency (RF) induction heat-
ing (250 kHz, 30kW) was developed at IFW Dresden mainly for the single crystal
growth of intermetallic compounds [49, 154, 155]. Fig. 2.4 shows the experimental
setup of the floating zone facility. The water-cooled inductor has a trapezoidal coil
shape with inner diameter 12 mm, outer diameter 50 mm and height 15 mm. The
Figure 2.4: Crystal growth chamber of the floating zone facility with RF induction
heating.
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special shape of the coil focuses the electromagnetic field into a narrow zone of the
melt region. The chamber is evacuated at high vacuum of 10−4 mbar and refilled
with Ar of 4N purity at normal atmospheric pressure. Both the upper and lower
rod clamps are cooled by water. The molten zone can be monitored by a video
camera. The temperature is detected by an external two-color optical pyrometer
visualizing the center part of the melt zone through a glass window. The maximum
achievable temperature is around 3273 K. The induced electromagnetic field creates
very strong convectional flows in the melt zone.
2.3.2 Floating zone facility with additional magnetic field
The existing floating zone facility was modified with a double coil system in two
different arrangements: (a) series connection coil system, and (b) parallel connection
coil system (Fig. 2.5). These coil systems were designed and patented at IFW
Figure 2.5: Modified floating zone facility with (a) series connection coil system,
and (b) parallel connection coil system.
Dresden for the single crystal growth of high-precision intermetallic compounds and
to understand the effect of various convection states on the microstructure evolution
of peritectic alloys [154, 155]. The second coil in these double coil systems creates
an additional magnetic field. Its strength can be varied by the parameters of the
coil system, and can influence the melt convection in a well controlled way. In
the series connection coil system, an additional coil is connected in series to the
induction coil. The intensity and direction of the flow can be tailored by changing
the distance between the coils using ceramic discs of different heights. It is possible
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to minimize the flow strength by choosing the optimal vertical distance between the
coils. The parallel connection coil system consists of two coils connected in parallel.
The scheme of the parallel connection coil system is shown in Fig. 2.6. In addition
to the primary circuit with inductance L1, capacitance C1 and resistance R1, there
is a secondary circuit with inductance L2, capacitance C2 and resistance R2. The
Figure 2.6: Scheme of the electric circuit of the parallel connection coil system
[156].
current in the secondary coil is solely induced by the primary coil, which creates an
electromagnetic pump effect. The intensity and flow direction can easily be altered
by changing the different parameters such as the distance of the secondary coil with
respect to the primary one, the capacitance and resistance of the secondary circuit.
A maximum pumping action is achieved when the secondary capacitance is chosen
to give resonance in the secondary circuit.
2.4 Vibrating sample magnetometer
A vibrating sample magnetometer (VSM) was used to measure the various magnetic
properties of the materials as a function of temperature and field. The VSM operates
on the principle of Faraday’s law of induction, which tells that a changing magnetic
field produces an electric field. This electric field can be measured and thus the
information about the changing magnetic field is obtained. The schematic diagram
of a VSM is shown in Fig. 2.7.
In this magnetometer, the sample is placed in a uniform magnetic field, created be-
tween the poles of an electromagnet. Then, the sample is vibrated with a sinusoidal
motion. The magnetic sample is thus acting as a time-varying magnetic flux, which
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Figure 2.7: Schematic diagram of the vibrating sample magnetometer.
is accompanied by an electrical field inducing a voltage in the pickup coils. The
pickup coils generate the signal voltage due to the changing flux emanating from
the vibrating sample. The signal has the same frequency of vibration and its ampli-
tude will be proportional to the magnetic moment, amplitude, and relative position
with respect to the pick-up coils system of the sample. The signal in the coils is very
small and therefore extremely sensitive to noise sources. This alternating voltage
signal is processed by a lock-in amplifier, in order to increase the signal-to-noise
ratio. Thus, the magnetization of the sample can be measured.
A LakeShore VSM along with a 735-type VSM Controller, a 340-type temperature
controller and a 450-type Gaussmeter was used for magnetic measurements. Mag-
netic DC fields up to 20 kOe can be applied to the sample. The field produced by
the electromagnet is measured by a Hall probe. A cryostat can be inserted to vary
the temperature from 77 to 300 K and a resistive furnace is used to heat the sample
up to 1250 K.
2.5 Scanning electron microscopy
Microstructure analysis was performed using a Philips XL-30 scanning electron mi-
croscope (SEM) with a Tungsten (W) filament, combined with energy-dispersive
X-ray spectroscopy (EDS). An electron beam is produced at the top of the micro-
scope by heating the Tungsten filament. The electron beam follows a vertical path
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through electromagnetic lenses which focus and direct the beam down towards the
sample. Once it hits the sample, electrons are ejected from the specimen. Detectors
collect the electrons, and convert them to a signal that is sent to a viewing screen
to produce an image. Useful magnifications in excess of 100,000 times are obtain-
able, which translate to a resolution of 3.5 nm at an accelerating voltage of 30 kV.
Both the secondary electron (SE) and back-scattered electron (BSE) imaging modes
were used to yield topographic and compositional information for the samples. SE
images have excellent resolution, allowing the depiction of complex topographical
features. The BSE images provide atomic number contrast and, in some cases, crys-
tallographic contrast. The SEM was also used to study the fracture surface of some
specific samples after compression tests.
EDS is a standard procedure for identifying elemental composition of sample areas
as small as one square micrometer under both spot and linescan mode. Elemental
analysis can be obtained for elements ranging from carbon to uranium with detection
limits down to about 1 wt.%.
2.6 Optical microscopy
Metallographic specimens were examined by an inverted optical polarization micro-
scope (Axiovert 25) equipped with a Carl Zeiss digital camera and an incident light
microscope (Polyvar II) with motorized stage. The Axiovert 25 is equipped with
ICS (Infinity color corrected system) objectives with a wide variety of high-quality
LD (Long distance) objectives from Carl Zeiss. The different types of contrasts used
in this type of microscope are bright field, phase, and VAREL (Variable relief) con-
trast. The Polyvar II exhibits different illumination variants like bright field, dark
field, polarized light, and differential interference contrast (DIC).
These polarized microscopes have a polarizer and an analyzer fitted at 90◦ to each
other. Image contrast arises from the interaction of plane-polarized light with a
birefringent specimen to produce two individual wave components that are pola-
rized in mutually perpendicular planes. Different grain orientations exhibit differ-
ences in birefringence and, thus, the different phases and the grain structure can
be observed by the difference in contrast of the obtained image. Therefore, the
grain boundaries owing to orientation contrast are visible if non-cubic symmetry
of the crystallographic system is present. Polarized light is a contrast-enhancing
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technique that supports additional information obtained with birefringent materials
when compared to other techniques such as dark field and bright field illumination,
differential interference contrast, and phase contrast. The samples are etched to
have a reasonably good contrast.
2.7 Image analysis
Quantitative analysis of optical and SEM images was performed using image ana-
lysis software systems such as a4i Docu Image Analysis and Leica QWin, to de-
termine various microstructural features like grain size, volume fraction, porosity,
and secondary dendritic arm spacing. These softwares use digital image process-
ing techniques to process, analyze and present images obtained from a microscope.
a4i Docu Image Analysis software gives reliable determination of phase fractions in
multi-phase structures. By defining various intensity ranges, up to six structural
phases can be measured simultaneously in an entire image or in a particular image
area. The different phases are marked with various well-defined colors. From the
distribution of the differently colored areas, the phase fraction is calculated and
results are accumulated. The modular and scaleable nature of Leica QWin image
processing and analysis software ranges from simple interactive image measurements
to automatic, multi-parameter measurements of different features. It runs on the
Leica imaging workstation (IW) offering a totally integrated imaging solution using
macro programming facility to access the system’s image processing commands.
2.8 Chemical analysis
For chemical analysis, inductively coupled plasma optical emission spectrometry
(ICP-OES, IRIS Intrepid II XUV, Thermo Corp.) was used, which is a fast multi-
element technique with a dynamic linear range and moderate-low detection limits
(0.2-100 ppb). This technique utilizes spectra emitted by free atoms or ions gener-
ated within an inductively coupled plasma (ICP). Up to 60 elements can be screened
per single sample run of less than one minute and the samples can be analyzed in a
variety of aqueous or organic matrices.
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The sample is dissolved in hydrochloric acid in a high-pressure microwave digestion
system MarsX (CEM Corp.). The liquid sample is nebulized into ICP. The ICP
source produces a plasma, which is a stream of high-energy ionized gas by inductively
coupling an inert gas such as argon with a high-frequency field. The temperature
is sufficiently high (up to 10,000 K) to break chemical bonds, liberate elements
which are present in the sample and transform them into a gaseous atomic state. A
number of the atoms pass into the excited state, emit characteristic ultraviolet and
visible radiation and fall back into their ground state. The radiation is dispersed by
a grating monochrometer and detected with photomultiplier tubes. The frequency
of this emitted radiation is a characteristic of the element and as such can be used
for identification purposes. The intensity of the radiation is proportional to the
concentration of that element within the solution. The intensities of the spectral
lines are measured by charge injection device (CID) semiconductor detectors. The
composition is determined using acid matrix matched standard solutions prepared
from Merck single element standards.
2.9 Compression tests
Uniaxial compression testing is a useful method for measuring the plastic flow beha-
vior and ductile fracture limit of a material. The plastic flow behavior determination
necessitates frictionless (homogenous compression) test conditions, while measuring
the ductile fracture limit takes advantage of the barrel formation and controlled
stress and strain conditions at the barreled surface when compression is carried out
with friction. This is also useful for measurement of elastic and compressive frac-
ture properties of brittle materials or low-ductility materials. The room temperature
stress (σ) versus strain (ε) curves under compression were measured for cylindrical
samples using an Instron 8562 device. The samples were cut in small pieces, with the
length being equal to twice the diameter. The faces perpendicular to the longitudi-
nal axis were polished and checked to be parallel. The machine was operated in the
constant position rate mode, with a pre-adjusted initial strain rate and calibrated
before the actual test. A test run was performed with a thin steel sheet to measure
the deformation of the machine cross heads assuming that there is no deformation of
the steel sheet. After the actual test, the elongation data corresponding to the cali-
bration test are subtracted from the actual test data to obtain the load-displacement
curve. The load-displacement curve for each test was converted to a stress-strain
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curve, dividing the load by the original cross-sectional area of the specimen and the
displacement by the height of the specimens. Continuous measurements of stress
and strain were made simultaneously. From the plot
σ = f(ε), (2.1)
the Young’s modulus, the elastic stress, the fracture stress, the elastic strain, the
fracture strain, and the elastic and plastic regimes are determined.
2.10 Hardness measurements
The resistance of a metal to plastic deformation is defined as hardness and it is
usually determined by indentation. The hardness of the alloys was measured using a
computer-controlled Struers Duramin 5 Vickers hardness tester.
Figure 2.8: Schematic di-
agram of the indenter and
impression in the Vickers
hardness tester.
The device was equipped with a pyramid-shaped
square-based diamond indenter with an angle of
136◦ between opposite faces. It is based on the
principle that impressions made by this indenter
are geometrically similar regardless of load. Ac-
cordingly, loads of various magnitudes (10-2000
gf) are applied to a flat surface, depending on
the hardness of the material to be measured.
The full load is normally applied for 10 to 15
seconds. After the removal of the load, the two
diagonals of the impression left in the surface
are measured (illustrated in Fig. 2.8) and av-
eraged using a microscope and a digital video
measuring system. Calculation of the Vickers
pyramid number (HV) is based on the ratio of
load (kgf) to impressed area (mm2) by measuring
the length of a diagonal of the square impression at the suface of the test specimen.
Thus, the Vickers hardness is defined as:
HV =
2F sin 136
◦
2
d2
= 1.854
F
d2
, (2.2)
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where F = load in kgf and d = arithmetic mean of the two diagonals, d1 and d2 in
mm.
Chapter 3
Forced rotation experiments on
Nd-Fe-B
3.1 Introduction
The flow in a cylindrical container was studied theoretically by many researchers.
Because the metallic melt is opaque, numerical flow simulations are necessary for
understanding the flow structure in metallic liquids.
Free-surface phenomena of a rotating fluid in a cylinder were investigated by Vatis-
tas [157]. The three-dimensional flow in a rotating lid-cylinder enclosure was ana-
lyzed by Gelfgat et al. [158]. The flow of an electrical conducting melt in a cylinder
driven by a rotating magnetic field was studied by Moszner and Gerbeth [159] and
Grants and Gerbeth [160]. A quite different problem arises if the flow is driven by
an alternating magnetic field and additional container rotation. Electric currents
and magnetic field lead to meridional Lorentz forces driving meridional flow. The
numerical simulation of this problem was carried out by Shatrov and Gerbeth [161].
One of the important results is that additional container rotation leads to suppres-
sion of meridional flow. They analyzed the axisymmetric flow structure at various
interaction parameters (N) which depend on the magnetic field, the skin depth and
Ekman number (Ek) values. The hydrodynamic equations were solved by a spectral
collocation method. The alternating magnetic field distribution was calculated by
a boundary integral method developed by Priede and Gerbeth [162]. The shape of
the free surface of the liquid metal in the container depends on the rotation rate,
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the flow, the surface tension and the Lorentz force distribution. Furthermore, the
distribution of the magnetic field depends on the free surface shape. Flow, shape
of surface, magnetic field and Lorentz force distribution were found simultaneously.
Fig. 3.1 shows the meridional Reynolds number versus Ekman number at different
interaction parameters N . At large Ekman numbers, corresponding to slow rota-
Figure 3.1: The meridional Reynolds number versus Ekman number at different
interaction parameters N calculated by Shatrov and Gerbeth [161].
tion, the Reynolds number depends only on the interaction parameter N whereas
at small Ekman numbers (fast container rotation), the suppression of the flow is
characterized by reducing Reynolds number. The parameters used for the experi-
ments on Nd-Fe-B with the forced rotation facility cover the Ekman number range
10−3 > Ek > 0.
These numerical simulations by Shatrov and Gerbeth are the basis for the experi-
mental work presented here.
3.2 Sample processing
Three different compositions of Nd10.9Fe83.3B5.8 (Fe-rich, composition 1),
Nd11.8Fe82.3B5.9 (stoichiometric, composition 2), and Nd14Fe80B6 (Nd-rich,
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composition 3) were selected for the forced rotation experiments. Master alloys
in the form of cylindrical rods (6 mm diameter) were prepared from pure Fe (99.9%,
Alfa Aesar), Nd (99.99%, Goodfellow) and FeB powder (99%, Mateck GmbH) by
melting in Ar atmosphere using the cold crucible levitation melting facility. Before
melting, the surface oxide layer of Nd was carefully removed by mechanical polish-
ing. The Nd and Fe pieces were cleaned with Ethyl alcohol solution in an ultrasonic
vibrator. The required amount of FeB powder was cold pressed to cylindrical pellets
of 6 mm diameter in a hydraulic press at a pressing force of 35 kN.
The samples are sealed in quartz ampoules at Ar pressure of 200 and 500 mbar.
The ampoules could not be filled up to normal atmospheric Ar pressure because of
the strong gas expansion at higher temperature, which the quartz ampoule may not
withstand. For the forced rotation experiments, the ampoules were prepared from
commercially available quartz tubes of 10 mm and 19.4 mm diameter. The samples
were heated up to 1623 K by induction heating. The melt volume was rotated for
90 s and then the power supply of the generator was switched off. The cooling rate,
measured with a two-color pyrometer after switching off the induction coil system,
was 40 K/s for the samples solidified at 200 mbar Ar pressure. For composition 2,
further experiments were carried out by varying the rotation time (120 s and 180 s)
to verify the time required for a steady convection state. After cooling to room
temperature, the samples were taken out of the quartz ampoule and prepared for
further characterization. The solidified cylindrical samples were cut into two pieces
along the vertical symmetry axis of the cylindrical mass by using an electroerosive
cutting machine (Seibu-50). One half was used for the determination of the α-Fe
volume fraction by VSM and for chemical analysis and the second half for optical
microscopy and SEM investigations.
For VSM measurements, the half cylindrical mass was broken into small pieces.
Samples of about 50 mg were closed in Ag foil and fixed in a BN crucible. Mea-
surements were done in protective Ar atmosphere after three evacuations up to
10−3 mbar. The VSM measurements were carried out in a magnetic field of 1.8 T
at a temperature of 623 K. The temperature (623 K) was chosen above the Curie
temperature of Nd2Fe14B phase (585 K), in order to measure the magnetization
moment only from the ferromagnetic α-Fe phase. The effect of the paramagnetic
matrix was eliminated considering the slope of the magnetization curves at fields
higher than 1 T. Additionally, the magnetization of pure iron was also measured at
623 K for calibration. The α-Fe volume fraction of a sample was determined within
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an error limit of 0.3 wt.%.
For SEM and optical microscopy, the other half of the sample was embedded in
a mixture of epoxy, hardener, and carbon powder by a cold mounting process to
avoid the oxidation of samples during hot-mounting process. The grinding and
polishing steps were carried out with a table top machine for automatic grinding
and polishing (Struers, Rotopol-3). The samples were ground by 1200, 2400 and
4000 grid silicon carbide polishing paper using 25 N, 15 N and 10 N force for 2,
3 and 5 min, respectively. The final polishing was done on a soft cloth made of
porous neoprene (MD-Chem) using water-free silica suspension (0.2 µm grain size)
for 5 min with 15 N force.
3.3 Determination of α-Fe volume fraction by vi-
bration sample magnetometry and chemical
analysis
Fig. 3.2 shows the change in α-Fe volume fraction with increasing frequency (from
0 rpm up to 1200 rpm) measured by VSM for the compositions 1, 2, and 3. The
ampoule diameter was 10 mm. The Ar pressure inside the quartz ampoule was 200
mbar. For all alloy compositions, a drastic reduction of α-Fe volume fraction is
observed with increasing rotation rate. As discussed earlier, the results of numerical
simulation showed that global melt motion suppresses the internal motion. This
indicates that as the rotational frequency increases, melt convection decreases and
under reduced melt convection state, the α-Fe volume fraction is reduced.
It is visible from Table 3.1 that the change in α-Fe volume fraction is more dominant
for composition 1 and composition 2 compared to composition 3. For composition 1,
the α-Fe volume fraction is reduced from 32.4 wt.% at zero rpm to 20.1 wt.% at 1200
rpm, for composition 2 from 31.4 wt.% to 19.3 wt.% and for composition 3 from 26.4
wt.% to 18.1 wt.%. The reduction in α-Fe volume fraction is 37.9 % and 38.5 %
for composition 1 and composition 2, respectively. The decrease in α-Fe volume
fraction for composition 3 was found to be 31.4 %. The decrease of the curves is
more pronounced at lower frequencies (0-700 rpm) compared to higher frequencies
(700-1200 rpm). The difference in the α-Fe volume fraction between composition 1
and composition 3 decreases from 6 wt.% at zero rotation to 2 wt.% at 1200 rpm.
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Figure 3.2: α-Fe volume fraction vs. rotational frequency for composition 1, 2,
and 3 with ampoule diameter of 10 mm and 200 mbar Ar pressure.
Table 3.1: α-Fe volume fraction vs. rotational frequency for composition 1, 2 and
3.
Rotational
frequency
α-Fe volume
fraction for
composition 1
(wt.%) (± 0.3 %)
The α-Fe volume
fraction for
composition 2
(wt.%) (± 0.3 %)
The α-Fe volume
fraction for
composition 3
(wt.%) (± 0.3 %)
0 32.4 31.4 26.4
300 28.9 28.1 23.6
500 27.1 26.2 22.4
700 24.1 22.2 20.5
900 20.7 20.1 19.2
1200 20.1 19.3 18.1
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Above a certain rotational frequency the melt volume behaves almost like a solid
body with reduced melt convection state. A further increase in rotational frequency
does not lead to any significant change in the convection state of the melt. This
could be the possible reason behind the decrease of slopes of the curves above 700
rpm.
The low Ar pressure and the residual oxygen inside the quartz ampoule may alter
the actual composition of the processed sample, as the rare earth element Nd is
very much prone to oxidation. The formation of Nd2O3 changes the actual compo-
sition of the alloy. Additionally, the rare earth element Nd is prone to evaporation
during the experiment as the processing temperature (1623 K) is well above the
melting temperature (1297 K) of Nd. These facts indicate a possible shift of the
nominal composition towards a Fe-rich composition. Additionally, the evaporation
rate becomes higher at lower Ar pressure inside the ampoule compared to normal
atmospheric pressure.
Thus, in order to investigate the effect of pressure on the α-Fe volume fraction during
forced rotation experiments, further investigations were carried out with increased
Ar pressure of 500 mbar for composition 2. Fig. 3.3 shows the plot of α-Fe volume
fraction versus rotational frequency at 500 mbar and 200 mbar Ar pressure for 10
mm diameter ampoules.
The α-Fe volume fraction is higher for samples solidified under 200 mbar Ar pressure
compared to the samples solidified at 500 mbar Ar pressure. Table 3.2 summarizes
the measured α-Fe volume fractions at different rotational frequencies solidified un-
der 200 and 500 mbar Ar pressure.
The chemical analysis of the samples showed a Nd loss of about 1.8 at.% for samples
solidified under 500 mbar Ar pressure and about 3 at.% for samples solidified under
200 mbar Ar pressure for composition 2. Additionally, it was observed that the Nd
loss did not change with respect to increasing rotational frequency for both types of
experiments. This holds good also for composition 3 under 200 mbar Ar pressure
which shows an average Nd loss of 2.3 at.% at various rotational frequencies. Thus
the chemical analysis confirms that the final composition of the alloy is independent
on the rotational frequency, rather dependent on the Ar pressure inside the ampoule.
The results of chemical analysis are summarized in Table 3.3.
An additional important parameter during solidification is the cooling rate, which
influences the growth of the properitectic α-Fe phase. As the cooling rate becomes
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Figure 3.3: α-Fe volume fraction vs. rotational frequency for composition 2 with
ampoule diameter of 10 mm at an Ar pressure of 200 and 500 mbar.
Table 3.2: α-Fe volume fraction vs. rotational frequency for composition 2 at 200
and 500 mbar Ar pressure.
Rotational frequency
(rpm)
α-Fe volume fraction
(wt.%) (± 0.3 %) at 200
mbar Ar pressure
α-Fe volume fraction
(wt.%) (± 0.3 %) at 500
mbar Ar pressure
0 31.4 26.7
300 28.1 25.2
500 26.2 23.9
700 22.2 21.3
900 20.1 19.2
1200 19.3 18.8
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Table 3.3: The chemical analysis of composition 2 processed under 200 and 500
mbar Ar pressure
Type of Material Rotational
frequency
(rpm)
Nd
(wt.%)
Fe
(wt.%)
B
(wt.%)
Average compo-
sition (at.%)
Master alloy 26.36 72.7 0.940 Nd11.64Fe82.83B5.53
Sample processed
at 500 mbar
300 22.85 75.84 0.99 Nd9.83Fe84.51B5.65
700 22.92 76.23 0.99
900 22.51 75.59 0.98
1200 22.66 75.20 0.98
Average 22.74 75.72 0.98
Sample processed
at 200 mbar
300 20.32 78.66 1.02 Nd8.58Fe85.68B5.74
700 20.53 78.74 1.02
900 20.37 78.61 1.02
1200 20.39 78.59 1.02
Average 20.40 78.65 1.02
higher, the growth of the properitectic phase becomes more suppressed. Generally,
the cooling rate at low Ar pressure should be much smaller compared to normal
atmospheric pressure due to the reduced heat transfer caused by reduced density
of Ar atoms. This explains the higher volume fraction of α-Fe under 200 mbar
processing Ar pressure compared to 500 mbar processing Ar pressure (Fig. 3.3). It
is visible from Fig. 3.3 that the slope of the curve for the sample processed at low
Ar pressure is much higher up to 700 rpm rotational frequency. The difference in
the α-Fe volume fraction of samples solidified under 200 and 500 mbar Ar pressure
is shown in Fig 3.4. The discrepancy almost vanishes if the internal melt motion
becomes more suppressed above 700 rpm and becomes less than 1 wt.%. At lower
rotational frequency less than 700 rpm, the difference in the α-Fe volume fraction
is attributed to the variation in actual composition due to Nd loss and cooling rate.
The melt behaves almost like a solid body with reduced convection state at a critical
rotational frequency of 700 rpm. Further increase in rotational frequency does not
lead to any substantial change in α-Fe volume fraction.
In order to verify that the rotation time of 90 s was long enough to reach a steady
state melt convection, further experiments were carried out with varied rotation
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Figure 3.4: Difference in α-Fe volume fraction of samples solidified under Ar
pressure of 200 mbar and 500 mbar vs. rotational frequency for composition 2
with ampoule diameter of 10 mm
Figure 3.5: The α-Fe volume fraction in dependence on the rotation time for
composition 2 with ampoule diameter of 10 mm.
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time. Fig. 3.5 shows the α-Fe volume fraction in dependence on the rotation time
for composition 2 under Ar pressure of 200 mbar and 700 rpm. The rotation time
was chosen to 90, 120 and 180 s. The plot shows that the α-Fe volume fraction
almost remained uninfluenced with increased rotation time. It indicates that the
rotation time of 90 s was sufficient to stabilize the melt motion during forced ro-
tation experiments before solidification. It should be noted that the rotation time
was chosen as short as possible in order to avoid prolonged Nd evaporation during
processing at higher temperature.
3.4 Microstructural investigation by scanning elec-
tron microscopy
3.4.1 α-Fe phase fraction in dependence of rotational fre-
quency
The microstructures of the samples solidified at different rotational frequencies and
Ar pressures were analyzed by SEM using BSE imaging mode. Figs. 3.6 - 3.8 show
the microstructures of samples processed in 10 mm diameter quartz ampoules at
rotational frequencies zero, 500, 700 and 1200 rpm (a-d) at an Ar pressure of 200
mbar. Hereby, Fig. 3.6 presents the Nd10.9Fe83.3B5.8 alloy (composition 1), whereas
Fig. 3.7 and Fig. 3.8 show the SEM micrographs of Nd11.8Fe82.3B5.9 (composition
2), and Nd14Fe80B6 (composition 3) alloys, respectively.
The microstructural investigation has been done on the lengthwise cross-section of
the cylindrical samples. The microstructures exhibit a dark dendritic phase and
gray matrix together with some white regions. According to the EDS studies, the
dark dendritic phase and gray matrix were confirmed as the α-Fe and Nd2Fe14B
phases, respectively, whereas the white phase was attributed to a Nd-rich phase.
The SEM micrographs were analyzed by a4i materials image analysis software in
order to quantify the α-Fe phase fraction. This software calculates the area of the
different phases in the image from the contrast difference of the existing phases in
the picture. But as the difference of density between the α-Fe (7.8 gm/cc) and
Nd2Fe14B (7.4 gm/cc) phases is less, the reported values of phase fraction represent
the approximate volume fraction of the phases.
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Figure 3.6: SEM micrographs of composition 1 solidified under 200 mbar Ar
pressure at (a) zero, (b) 500, (c) 700 and (d) 1200 rpm.
All the micrographs show a typical dendritic morphology. As discussed earlier, when
the rotational frequency increases, the melt convection decreases and the dendritic
morphology becomes finer with reduced secondary dendrite arm spacing (SDAS).
This is evident for all compositions but more pronounced for composition 2 (compare
Fig. 3.7 (a) and Fig. 3.7 (d)).
As a representative example, the microstructure of composition 2 solidified at 1200
rpm and the image processed by a4i materials image software are shown in Figs. 3.9
(a) and (b). A similar image analysis was done for few selected samples. For each
sample, the α-Fe phase fraction was calculated by averaging the measured values
from SEM micrographs of the samples from different regions across the cross-section.
Though the α-Fe phase fraction determined by VSM measurement is more depend-
able and accurate, the image analysis was performed to corroborate the results of
the VSM measurements. The results obtained for composition 2 solidified under 200
mbar and 500 mbar Ar pressure at different rotational frequencies are summarized
in Table 3.4, which shows that the measured values are close to those of the VSM
measurements. The insignificant difference between the values of image analysis and
VSM measurement additionally proves a good homogeneity throughout the sample.
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Figure 3.7: SEM micrographs of composition 2 solidified under 200 mbar Ar
pressure at (a) zero, (b) 500, (c) 700 and (d) 1200 rpm.
Further experiments were carried out for composition 2 by varying the Ar pressure
inside the ampoule to 500 mbar, in order to interpret the effect of Ar pressure on
α-Fe volume fraction. Fig. 3.10 shows the microstructures of the samples at different
rotational frequencies under 500 mbar Ar pressure. Table 3.4 shows the comparison
of α-Fe phase fraction determined by image analysis software between the samples
solidified at 200 and 500 mbar Ar pressure. The phase fraction of α-Fe decreases
with increasing rotational frequencies like in the previous investigations for samples
solidified under 200 mbar Ar pressure. Moreover, the comparison of the values of
α-Fe in Table 3.4 shows that at lower rotational frequencies (zero - 500 rpm) the α-Fe
phase fraction is higher for the samples solidified at 200 mbar compared to samples
solidified at 500 mbar Ar pressure. This is consistent with the results obtained by
VSM measurements.
The surface of the sample was investigated to compare the amount of Nd-oxide for
samples with Ar pressure of 200 and 500 mbar. A representative sample solidified at
700 rpm was selected for this investigation. The sample solidified at 700 rpm shows
that the oxide layer is thicker for the sample solidified at 200 mbar Ar pressure (Fig.
3.11 (a)) than the thickness of the oxide layer for the sample solidified at 500 mbar
pressure (Fig. 3.11 (b)). The average thickness of the oxide layer for the samples
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Figure 3.8: SEM micrographs of composition 3 solidified under 200 mbar Ar
pressure at (a) zero, (b) 500, (c) 700 and (d) 1200 rpm.
Figure 3.9: (a) SEM image and (b) image analysis of the composition 2 solidified
under 200 mbar Ar pressure at 1200 rotational frequency. Image analysis software
shows a phase fraction of 19.4 % α-Fe, whereas the VSM measurement yields 19.3
wt.% α-Fe volume fraction.
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Table 3.4: Comparison between α-Fe phase fraction of samples solidified at 200
and 500 mbar Ar pressure determined by image analysis software and VSM mea-
surements.
Rotational
frequency
(rpm)
α-Fe phase
fraction (%)
(± 0.35 %)
for 200 mbar
Ar pressure
determined by
image analysis
software
α-Fe phase
fraction (wt.%)
(± 0.3 %) for
200 mbar Ar
pressure deter-
mined by VSM
measurements
α-Fe phase
fraction (%)
(± 0.35 %)
for 500 mbar
Ar pressure
determined by
image analysis
software
α-Fe phase
fraction (wt.%)
(± 0.3 %) for
500 mbar Ar
pressure deter-
mined by VSM
measurements
0 30.7 31.4 26.1 26.7
300 27.7 28.1 24.9 25.2
500 25.1 26.2 23.6 23.9
700 22.3 22.2 21.1 21.3
900 19.9 20.1 19.5 19.2
1200 19.4 19.3 19.2 18.8
Figure 3.10: SEM micrographs of composition 2 solidified under 500 mbar Ar
pressure at (a) zero, (b) 500, (c) 700 and (d) 1200 rpm.
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solidified under 200 mbar Ar pressure is 13 µm, whereas the oxide layer thickness for
the sample solidified under 500 mbar varies from 2 to 5 µm. EDS analysis confirmed
that the composition of the oxide was Nd2O3. It was already observed in Section
3.3 that composition 2 showed a higher Nd loss of 3 at.% at 200 mbar Ar pressure
whereas samples solidified at 500 mbar showed a lower Nd loss of 1.8 at.%. The
thicker Nd2O3 layer for the samples solidified at 200 mbar Ar pressure caused a Nd
deficiency in the bulk composition compared to the samples solidified at 500 mbar
Ar pressure. Thus, these results are consistent with the results obtained from the
chemical analysis experiments (Table 3.3).
Figure 3.11: SEM micrographs showing the surface of samples (composition 2)
solidified under (a) 200 mbar (b) 500 mbar, and rotational frequency of 700 rpm.
3.4.2 Homogeneity of as-solidified samples
For the discussion of the homogeneity of the microstructures, the centrifugal force,
which is related to rotation, has to be considered. This apparent force is equal and
opposite to the centripetal force, drawing a rotating body away from the center of
rotation, caused by the inertia of the body. It depends on the mass of the object,
the speed of rotation and the distance from the center. A probable influence on the
spatial distribution of the α-Fe dendrites has been investigated imaging the whole
lengthwise cross-section and the geometry of the solidified melt. Optical micrographs
of the cross-section of samples (composition 2) solidified at zero, 500, and 1200 rpm
are shown in Fig. 3.12. Almost no difference is visible between zero and 500 rpm
rotational frequency. A slight change in the geometry at the free surface starts at
1200 rpm indicating a minute influence of the centrifugal force. In order to check
the homogeneity of the microstructures, SEM investigations were performed on top,
bottom, center and outer rim of the sample. The overviews of the microstructures
from the different regions of the half of the cross-section are shown in Fig. 3.13 and
Fig. 3.14 for samples (composition 2) solidified at zero and 1200 rpm at 200 mbar Ar
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Figure 3.12: Optical micrographs showing the shape of the cross-section of sample
of composition 2 for (a) zero, (b) 500 rpm, and (c) 1200 rpm, ampoule diameter
= 10 mm, solidified under 200 mbar Ar pressure.
pressure, respectively. The micrographs show a homogeneous distribution of α-Fe
in different portions of the cross-section marked with points (a), (b), (c), (d) and
(f) in the schematic cross-section on the top of each figure, indicating no significant
change across the microstructure even at high rotational frequency. Moreover, it
can be deduced from the high degree of homogeneity that the cooling rate seems to
be almost invariable along the sample diameter and height. Similar homogeneous
microstructures were observed for all other samples.
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Figure 3.13: An overview of the SEM micrographs from different positions (as
shown in the schematic diagram on top) along half of the symmetric cross-section
of the samples of composition 2 (sample diameter 10 mm) solidified at zero rota-
tional frequency under 200 mbar Ar pressure.
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Figure 3.14: An overview of the SEM micrographs from different positions (as
shown in the schematic diagram on top) along half of the symmetric cross-section
of the samples of composition 2 (sample diameter 10 mm) solidified at 1200 rpm
rotational frequency under 200 mbar Ar pressure.
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3.5 Industrial potential for large-scale production
Nd-Fe-B alloys are produced in a wide scale in industry with large quantities. So
these investigations were extended for ampoules with larger diameter. As described
in chapter 1 (section 1.2), the Ekman number (Ek) is defined as:
Ek =
ν
2πfR2
, (3.1)
where, ν is the viscosity of the melt, f is the rotational frequency and R is the
ampoule radius. This dimensionless number depends upon the diameter, rotational
frequency and viscosity of the rotating melt, if other parameters such as interaction
parameter, skin depth are negligible. This is the case at low Ekman number (high
rotational frequency).
Starting from the assumption that the internal flow field at high rotation frequencies
is mainly governed by the Ekman number, similar flow fields and similar microstruc-
tures in samples with different diameters can be assumed if the rotation is changed
according to
f1
f2
=
(
R2
R1
)2
, (3.2)
where f1 and f2 are the rotational frequencies and R1 and R2 are the radii of
two different ampoules, respectively. This expression correlates the diameter of the
ampoule and the rotational frequency. It is possible to achieve the same convection
state only by altering the rotational frequency and ampoule radius, as shown by
equation 3.2. Thus, this equation shows the potential to be utilized in industrial
applications with large-scale production. This idea for controlling melt convection
by altering ampoule diameter and rotational frequency by forced rotation according
to the process needs in industry was patented by Hermann et al. [153].
Hermann and Filip [110, 153] performed preliminary studies by consideration of
equation 3.2 and carried out experiments for the stoichiometric composition with
different ampoule diameters (6 mm, 10 mm and 18 mm). The highest achieved
rotational frequency was 2500 rpm for the 6 mm diameter ampoule. The resultant
frequencies according to equation 3.2 for 10 mm and 18 mm diameter ampoules were
900 and 278 rpm, respectively. The α-Fe volume fraction was found to be similar.
Thus, the results indicate the validity and potential application of the proposed idea
to large-scale production [110].
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In this work, the investigation was extended to composition 2 using 10 and 19.4 mm
diameter ampoules and different Ar pressures. The resultant rotational frequencies
were calculated from equation 3.2 with the assumption that similar melt motion will
be possible to be achieved with these resultant frequencies. The experiments were
performed under 200 and 500 mbar Ar pressures. The results are plotted in Fig.
3.15 and summarized in Table 3.5.
Figure 3.15: The α-Fe volume fraction in dependence on the rotational frequency
and different diameters for samples of composition 2.
The plot shows that at a frequency of 320 rpm, 19.4 mm diameter ampoules yield
similar α-Fe volume fraction compared to 1200 rpm for 10 mm diameter ampoules at
both 200 and 500 mbar Ar pressures. The SEM micrographs exhibit a similar α-Fe
phase distribution. This shows that equation 3.2 can be successfully used to tailor
the microstructures by controlling the melt convection, i.e. changing the ampoule or
container diameter. But at the lower frequency of 185 rpm for the 19.4 mm diameter
ampoule, one observes a discrepancy in the α-Fe volume fraction compared to the
corresponding 700 rpm with 10 mm diameter ampoule.
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Table 3.5: The different values of ampoule diameters, frequency and α-Fe volume
fraction of samples solidified at 200 and 500 mbar Ar pressure for composition 2.
Ar pressure
(mbar)
Ampoule
diameter
(mm)
Rotational
frequency
(rpm)
α-Fe
volume
fraction
(wt. %)
(± 0.3 %)
Rotational
frequency
(rpm)
α-Fe
volume
fraction
(wt. %)
(± 0.3 %)
200
10 700 22.2 1200 19.3
19.4 185 23.1 320 19.8
500
10 700 21.3 1200 18.8
19.4 185 22 320 19.1
As discussed in section 3.1, the Ekman number increases with reducing rotational
frequency. At low frequency, the Reynolds number does not depend on Ek. Accord-
ing to Fig. 3.1, this tendency starts approximately at Ek > 10
−2. At 185 rpm, this
transition range is reached and equation 3.2 can no longer be applied.
This study shows that equation 3.2 can be successfully employed to tailor the mi-
crostructures by controlling the melt convection for industrial applications where
crucibles of larger dimensions are generally used. But Ekman number, interaction
parameter and frequency have to be checked carefully.
3.6 Effect of melt convection on secondary den-
drite arm spacing
The dendritic structure is a key microstructural feature and is generally character-
ized by the primary and secondary dendrite arm spacings (SDAS). A lot of studies
have been done for the last several years to investigate the effect of convection
during directional solidification experiments on the primary and secondary dendrite
arm spacings of several alloys like Sn-Pb, Al-Cu, Pb-Sb [163–165]. There is a lack
of knowledge about the influence of natural or forced convection on the microstruc-
ture development of peritectic alloys [166]. Moreover, there is no report on the
effect of melt convection on the SDAS of the properitectic phase of any alloy during
conventional solidification processes.
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As discussed in the previous section about forced rotation experiments, as the ro-
tational frequency increases, melt convection decreases and the volume fraction of
properitectic α-Fe decreases. Similarly, the effect of reduced melt convection on the
SDAS of the properitectic α-Fe phase was investigated. A systematic study was
performed to determine the average SDAS of the properitectic α-Fe phase for all the
samples solidified at different frequencies under 200 mbar Ar pressure.
3.6.1 Secondary dendrite spacing models
A dendrite structure is characterized by the microstructure parameters. The scale
of the dendritic structure is dependent on the solidification conditions. For example,
rapid cooling results in a fine dendrite spacing producing a reduced value of primary
and secondary dendrite arm spacings. The secondary dendrite arm spacing (λ2) can
be represented as a function of cooling rate ε according to the equation:
λ2 = Bε
−m, (3.3)
where B and m are composition dependent parameters [167]. The exponent m
varies between 0.31 and 0.55 while B varies between 16 and 44 µm Kms−m for
a wide variety of alloy systems [168]. In comparison with the amount of work
done on the measurement of SDAS as a function of cooling rate, there is relatively
less information on the effect of other solidification parameters such as effective
mass transfer coefficient, or fluid velocity on SDAS. Solidification studies have been
reported with a view to characterize primary dendrite arm spacing (λ1), secondary
dendrite arm spacing (λ2) and dendrite tip radius (R) as a function of initial alloy
solute concentration (C0), growth rate (V ) and temperature gradient (G) ahead
of the microscopic solidification front [169–173] together with extensive theoretical
studies [169,172,174–179] and models [177,180–189]. Langer and Müller-Krumbhaar
[180] have carried out a detailed numerical analysis of the wavelength of instabilities
along the sides of a dendrite and have predicted a scaling law as λ2/R = 2. Using
this scaling law, the variation in λ2 given by Trivedi et al. [188] is
λ2 = (8ΓDL/kV ∆T0)
0.5, (3.4)
where Γ is the Gibbs-Thomson coefficient, D is the liquid solute diffusivity, k is
the equilibrium distribution coefficient, L is a constant, and ∆T0 is the difference
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between the liquidus and solidus equilibrium temperatures. Bouchard and Kirkaldy
[189] derived an expression given by:
λ2 = 2πa2
(
4Γ
C0(1− k)2TF
(
D
V
)2)1/3
, (3.5)
where a2 is the secondary dendrite-calibrating factor, which depends on alloy com-
position and TF is the fusion temperature of the solvent. This equation is similar
to the temperature gradient independent marginal wavelength formula proposed by
Mullins and Sekerka [169, 190, 191]. Kattamis and Flemings [192] and Feurer and
Wunderlin [193] showed that the secondary dendrite arm spacing (λ2) is dependent
on solidification time (tf ), and they proposed
λ2 = 5.5(Mtf )
n, (3.6)
and
M =
ΓD ln(Cm1 /C0)
m(k − 1)(Cm1 − C0)
, (3.7)
where n =1/3, m is the liquidus slope, C0 is the initial alloy solute concentration
and Cm1 is the maximum concentration in the liquid.
Beckermann et al. [194] and Diepers et al. [195] introduced models concerning the
effect of flow condition on the coarsening rate of secondary arms for Al-4 wt.%Cu.
Diepers et al. calculated the coarsening rate of secondary arms on two different
bases, the time evolution of the mean radius of curvature and the time evolution of
the specific surface area. He proposed that in equation 3.6, n = 1/3 for diffusive mass
transfer. The coarsening rate for pure diffusive transport is t
1/3
f . But in contrary
to this, under enhanced melt convection, the coarsening rate becomes t
1/2
f where it
is calculated on an area basis and falls between t
1/3
f and t
1/2
f , when calculated on a
curvature basis. Thus, their simulations show that the value of n changes from the
classical value of 1/3 for diffusion controlled ripening to 1/2 as the flow velocities
increase causing a coarsening of the secondary dendrite arms.
Fredriksson et al. [196] found that fluid flow increases the dendrite spacing within the
equiaxed zone for Al-based alloys. Recently, Steinbach et al. [197] studied the effect
of rotating magnetic field on the microstructure formation during the directional
solidification of Al-Si-Mg alloys and showed that with increasing fluid flow SDAS
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increases.
However, none of these classical theories considered the effect of peritectic transfor-
mation on the secondary dendrite arm-coarsening process, despite this transforma-
tion may change the solute transport between the dendrite arms, so as possibly to
provoke a different secondary dendrite arm coarsening mechanisms. Recently, Ma
et al. [198] showed that the arm coarsening of primary properitectic dendrites is
influenced by the peritectic reaction, as the secondary peritectic phase provides an
additional solute diffusion flux due to the phase transformation. They also showed
that this dependence may vary as the alloy composition changes.
3.6.2 Secondary dendrite arm spacing determination
The samples were etched with 2 % Nital (2 ml nitric acid in 98 ml ethanol) for 5 s. For
this study, an optical microscope equipped with a motorized stage was utilized. A
program was created as a Macro sequence (QUIPS routine) for the image analyzing
system QTM 550 /QWIN (LEICA Co.), which enables to inspect a large sample
area field-by field [199]. The measurement starts with an initialization segment
where different parameters like the magnification, the size of the inspection area,
the total number of fields, the area of each field, and the overlap of neighboring fields
are defined, and then a field-by-field imaging followed by interactive registration of
different dendrite sections is realized. The field of inspection steps along the cross
section in a helical path and an image of the sample is displayed in the screen for
interactive acquisition of the dendrites. Only dendrites with clearly visible primary
dendrite “stems” are recorded to ensure that they are sectioned parallel to their axis
within a small angle uncertainty. The acquisition includes two steps:
1. mark a primary dendrite segment of length L by a vector line along its axis
2. draw in the crossing point of each secondary dendrite arm with the primary
dendrite along the segment L
As illustrated in Fig. 3.16, the number of points (N) where primary and secondary
dendrite arms intersect each other is counted automatically by the software and the
mean secondary dendrite arm spacing (λ2) is calculated as,
λ2 =
L
N − 1
. (3.8)
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Each image is stored separately, and for each dendrite system, the primary data are
stored (global coordinates Xi, Yi, length L of primary arms, number N of secondary
arms, index Zi of pre-defined zones) during meander-like simple picture analysis.
Figure 3.16: Schematic representa-
tion of the method used for the mea-
surement of secondary dendrite arm
spacings. The points indicated with
a cross are the number of secondary
arms (N)
At the end of all the measurements at
different fields, a statistical data set is
generated showing the average dendrite
spacing determined from all the mea-
surements with standard error and stan-
dard deviation. The SDAS value is av-
eraged from around 80-100 dendrites for
each sample. The variation of SDAS val-
ues for different samples is measured in
the different zones along the cross sec-
tion, as shown in Fig. 3.17, in order
to check the variation of SDAS values
along the length or width of the sam-
ples. The whole cross-section of each
sample is divided into three equal zones along length and width, respectively. A
further statistical data set is produced showing the average SDAS values obtained
from six zones, as shown in Fig. 3.17.
Figure 3.17: Schematic representation of the six different zones for SDAS mea-
surement.
70 Chapter 3. Forced rotation experiments on Nd-Fe-B
3.6.3 Dependence of secondary dendrite arm spacing on ro-
tational frequency
The average SDAS value was calculated for all processed samples of composition 2
solidified at different rotational frequencies (0-1200 rpm) under 200 mbar Ar pressure
with ampoule diameter of 10 mm. Fig. 3.18 shows the variation of SDAS values
with standard error in the selected six zones (see Fig. 3.17) for composition 2. It can
Figure 3.18: The variation of SDAS values with standard error for samples of
composition 2 in the selected zones along the cross-section at various rotational
frequency (0-1200 rpm).
be observed that there is no significant variation in the SDAS values at the different
zones for a sample solidified at a particular rotational frequency. This indicates
a homogeneous distribution of SDAS in the microstructure. The parameters like
cooling rate, effective mass transfer coefficient, which influence the SDAS values,
do not change significantly along the length or width of the melt volume in the
liquid state. Fig. 3.19 shows the average SDAS values with standard error versus
rotational frequency calculated from the six zones for samples of composition 2.
The detailed statistical data of all the samples are summarized in Table 3.6 showing
the standard deviation and standard error of each set of measurement. Fig. 3.19
clearly shows that as the rotational frequency increases the SDAS values decrease.
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Figure 3.19: The averaged SDAS values in dependence of rotational frequency
from the overall cross-section with standard error for composition 2.
Table 3.6: The statistical data of the SDAS values for samples of composition 2
solidified at various rotational frequencies.
Rotational
frequency
(rpm)
Total number
of dendrites
Average
SDAS (µm)
Standard
deviation
Standard
error
Zero 119 13.8 2.5 0.23
300 112 12.6 2.1 0.19
500 84 11.5 1.8 0.19
700 90 10.9 1.7 0.17
900 82 9.9 2.4 0.27
1200 102 8.2 1.6 0.16
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Fig. 3.20 represents the SEM micrographs of the samples solidified at zero, 500,
700 and 1200 rpm at a higher magnification showing the morphology of α-Fe den-
drites with secondary dendrite arms. The decrease of SDAS is clearly visible in the
SEM micrographs as the rotational frequency increases. As discussed earlier, as the
rotational frequency increases melt convection decreases. Thus, SDAS of α-Fe den-
drites decreases in a reduced melt convection state. The secondary dendrite arms
are coarsened in the samples solidified under strong convection (as shown in Fig.
3.20 (a)) compared to samples solidified under reduced convection state (as shown
in Fig. 3.20 (d)).
The formation mechanism of the refined morphology of dendrites under reduced melt
convection is not well understood. The reduction in the phase fraction and SDAS of
the properitectic phase is attributed to the reduced convective mass transfer under
reduced internal melt motion.
The mass transfer includes both convection and diffusion. Mass transfer coeffi-
cients can be estimated from different theoretical equations, correlations, and analo-
gies that are functions of material properties, intensive properties and flow regime
laminar or turbulent flow). Selection of the most applicable model is dependent on
the materials and the system, or environment, being studied.
In engineering, the mass transfer coefficient is a diffusion rate constant that relates
the mass transfer rate, mass transfer area, and concentration gradient driving force
as
kc =
ṅA
A∆CA
, (3.9)
where: kc is the mass transfer coefficient [mol/(s·m2)/(mol/m3), or m/s], ṅA is
the mass transfer rate [mol/s], A is the effective mass transfer area [m2] and ∆CA
is the driving force concentration difference [mol/m3] [200]. The driving force for
mass transfer is the difference in concentration; the random motion of molecules
causes a net transfer of mass from an area of high concentration to an area of
low concentration. The amount of mass transfer can be quantified through the
calculation and application of mass transfer coefficients. With high fluid velocity,
the enhanced interdendritic flow reduces the solute boundary layer and increases the
transfer of solute from the interface, removing the barrier to the growth of dendrites.
Additionally, under strong convection, smaller arms dissolve into the melt and solid
is effectively transferred making the SDAS larger.
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Figure 3.20: SEM micrographs of composition 2 (sample diameter 10 mm) solid-
ified under 500 mbar Ar pressure at (a) zero, (b) 500, (c) 700 and (d) 1200 rpm
showing representative dendrites.
According to the models proposed by Beckermann et al. [194] and Diepers et al.
[195] as discussed in section 3.6.1, under the effect of strong stirring, the coarsening
rate of the secondary arms increases as the value of n in Equation 3.6 may change
from 0.33 to 0.50 as the flow behavior changes from diffusive to convective. This
furthermore explains the increased values of SDAS for α-Fe dendrites under strong
stirring. Additionally, the findings of Fredriksson et al. [196] and Steinbach et al.
[197] corroborate our results obtained from forced rotation experiments for peritectic
Nd-Fe-B alloy as they also reported that under strong stirring, SDAS increases.
3.7 Summary
The effect of melt convection on the solidification process and the microstructure
evolution of Nd-Fe-B alloys has been investigated experimentally with a specially
designed forced crucible rotation technique. Numerical simulations of the fluid flow
by the research group of Dr. Gunter Gerbeth from Department of Magnetohydrody-
namics, Forschungszentrum Dresden-Rossendorf suggested that a global melt rota-
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tion suppresses the internal melt motion significantly compared to the non-rotating
case. The experiments with different rotation frequencies resulted in a strong re-
duction of the soft magnetic α-Fe phase at increased global crucible rotation corre-
sponding to the reduced internal melt motion. The decrease of soft magnetic α-Fe
phase is also dependent on Ar pressure, ampoule diameter and cooling rate. The
reduction in α-Fe volume fraction is 38.5 % for stoichiometric composition, whereas
it is 37.9 % and 31.4 % for Fe-rich and Nd-rich compositions, respectively. The
SDAS measurements of α-Fe show that as the rotational frequency increases and
melt convection decreases, the SDAS decreases. The SDAS value for the stoichio-
metric composition is 13.8 µm at zero rotational frequency, and it decreases to 8.2
µm for the sample solidified at 1200 rpm. The stronger interdendritic flow at high
fluid velocity and at low rotational frequency reduces the solute boundary layer and
increases the transfer of solute from the interface. Under strong convection, smaller
dendrite arms dissolve into the melt and solute is transported to make the SDAS
larger.
Chapter 4
Floating zone experiments with
magnetic field on Nd-Fe-B
4.1 Introduction
It has been discussed in the previous chapter that melt convection can be reduced
by increasing the rotational frequency for forced rotation. However, the control
of the melt convection is restricted due to the limitation in operating rotational
frequency of the facility. With the aim to alter the fluid flow inside the melt in a
much wider range compared to the forced rotation facility, floating zone experiments
with additional magnetic field were carried out.
Numerical simulation was performed by the research group of Dr. Gunter Gerbeth
from Department of Magnetohydrodynamics, Forschungszentrum Dresden-Rossen-
dorf, in order to understand the various flow structures considering different types
of magnetic fields [155,156,201]. As a result, it was concluded that an AC magnetic
field can influence the flow structures more intensely compared to other types of
magnetic fields. Under AC field, it was observed that the convection state can be
altered drastically by using two types of double coil systems: 1. Parallel connection
coil system and 2. Series connection coil system.
According to numerical simulation results, when the phase difference between the
currents in primary and secondary coils is as close as possible to 90◦, a very strong
toroidal vortex is formed where melt flows from the primary to the secondary induc-
tor [156]. Figs. 4.1 (a) and (b) show the temperature distribution, velocity fields and
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Figure 4.1: Temperature distributions, velocity fields, and stream functions of the
melt flow for a Fe rod in the parallel connection coil system with vertical coil
distance of 3 mm at (a) zero phase shift and (b) 90◦ phase shift, as calculated by
Priede et al. [156].
stream functions of fluid flow for a Fe rod in the parallel connection coil system for
250 kHz generator frequency with a current (I) of 100 A and a coil gap of 3 mm for
zero and 90◦ phase shift, respectively, in the half of the axially symmetric melt zone.
At zero phase shift, the fluid flow exhibits two symmetric vortices where the melt is
driven radially inwards at the middle plane of the inductor. In contrary, at a phase
shift of 90◦, the fluid flow displays a single vortex flow pattern. The Reynolds (Re)
number for zero phase shift fluid flow was calculated to 917, whereas it increases
to 1210 for the configuration with 90◦ phase shift. Thus, a strong stirring effect is
achieved in the optimized configuration with 90◦ phase shift in comparison to the
fluid flow with zero phase shift [156,202,203].
The series connection coil system consists of two coils connected in series with 180◦
phase shift. The principal parameter to control the melt convection is the vertical
gap between the coils. Fig. 4.2 shows the fluid flow distribution for a Fe rod at 3 mm
(Fig. 4.2 (a)) and 5 mm (Fig. 4.2 (b)) vertical coil distances for 250 kHz generator
frequency with current (I) of 222 A and 236 A, respectively. At 3 mm coil gap, the
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flow consisting of two symmetric vortices is driven radially inwards at the middle
plane of the inductor (Fig. 4.2 (a)). The maximum flow velocity calculated for
this configuration is 94.4 mm/s. However, this situation changes when the vertical
spacing between the coils is increased to 5 mm. In this case, the maximum flow
velocity is 15 mm/s. The induced melt flow is considerably weaker and is directed
radially outwards in the middle plane. Thus, the flow direction can be inverted by
increasing the vertical spacing between the coils. In addition, the change of the flow
direction implies crossing of a minimum flow strength in between 3 mm and 5 mm
vertical coil distances. Thus, it is possible to minimize the flow strength by choosing
the optimal distance between the coils [203].
Figure 4.2: Temperature distributions, velocity fields, and stream functions of
the melt flow for a Fe rod in the series connection coil system with vertical coil
distances of (a) 3 mm and (b) 5 mm calculated by Priede [203].
On the basis of these numerical simulation results, two different types of experimen-
tal setups were constructed which has been discussed in detail in chapter 2 (section
2.3). In this chapter, the microstructure evolution, the change in morphology and
volume fraction of the α-Fe phase in peritectic Nd-Fe-B alloys were studied in terms
of different convection states generated in series and parallel connection floating
zone configurations.
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4.2 Sample processing
Nd11.8Fe82.3B5.9 alloy specimens were prepared in the form of 6 mm diameter rods,
as described in section 3.2 for the forced rotation experiments. The as-cast rods
were fixed vertically in the modified floating zone configuration. For the series
connection coil system, the coil distance was varied by inserting ceramic discs of
different heights (4.3, 4.5, 5.1, 5.5, and 6 mm) between the coils. For the parallel
connection coil system, the coil distances were 1.5 mm and 3 mm, respectively. The
capacitance of the secondary circuit was varied from 430 to 486.2 nF.
For both types of experiments, the chamber was evacuated to 10−5 mbar and filled
with Ar at normal atmospheric pressure before processing. The melting event was
confirmed by observing the movement of the liquid in the narrow melt zone. The
processing temperature was 1623 K, which is 70 K above the liquidus temperature.
The molten part of the rods remained in the liquid state for 2 min prior to solidifi-
cation in order to provide a steady fluid flow. Then, the power of the RF induction
coil was switched off. The cooling rate, measured with a two-color pyrometer after
switching off the induction coil system, was 40 K/s. After processing, the molten
zone was cut lengthwise into two pieces along the vertical symmetry axis of the
melt zone by using an electroerosive cutting machine (Seibu-50). One half was used
for the determination of the α-Fe volume fraction by VSM and the second half for
microstructural characterization. For VSM measurements, the sample was collected
from the central area of the molten zone. Three measurements were carried out for
each type of sample and the average value is reported. The samples were prepared
for these characterizations by similar techniques, as described in section 3.2.
4.3 Series connection coil system
4.3.1 Determination of α-Fe volume fraction by vibration
sample magnetometry
The VSM experiments were carried out with the specimen collected from the central
portion of one of the pieces cut lengthwise along the vertical axis of the melt zone.
The α-Fe volume fraction in dependence on the coil distances between primary and
secondary coils connected in series is shown in Fig. 4.3.
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Figure 4.3: The α-Fe volume fraction in dependence on the vertical coil distances
for the coil system connected in series for the Nd11.8Fe82.3B5.9 alloy.
Fig. 4.3 shows a pronounced minimum in the α-Fe volume fraction (14.2 wt.%) at
5.1 mm coil distance. When the coil distance is either increased or decreased from
this value, there is a distinct increase of the α-Fe volume fraction. The highest α-Fe
volume fraction (24.4 wt.%) is observed at 4.3 mm coil distance. The minimum value
of the α-Fe volume fraction with respect to the coil distance is well consistent with
the numerical simulation of the fluid flow showing that at a particular coil distance,
the two innermost vortices change their flow direction from radially outward melt
flow to radially inward melt flow crossing a minimum flow strength. The value of
lowest α-Fe volume fraction in the vicinity of 5.1 mm and 5.5 mm coil distances can
therefore be attributed to the achievement of reduced melt convection state for this
alloy.
4.3.2 Scanning electron microscopy and image analysis
The microstructure of the cross section of the samples solidified at various vertical
coil distances was observed by SEM. Overviews of the two representative samples
solidified at 4.3 and 5.1 mm vertical coil spacing are shown in Fig. 4.4. These
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Figure 4.4: SEM overviews of the cross section of the samples solidified at vertical
coil spacings of (a) 4.3 mm, and (b) 5.1 mm.
overviews are taken under BSE scanning mode with lowest possible magnification
of 23 X. The average melt zone length was 11 mm. The SEM overview shows that
the distribution of α-Fe is homogeneous along the whole cross section for a vertical
spacing of 4.3 mm. For the sample solidified with 5.1 mm coil distance, a distinct
zone with reduced amount of α-Fe is visible in the middle of the melt zone. However,
an increased α-Fe phase fraction appears near the interface, which is also observed
in samples processed at 4.9 mm and 5.5 mm coil distances.
Fig. 4.5 shows a magnified SEM images taken from the central portion of the melt
zone of samples solidified at various coil distances. The micrographs show that at
4.3 and 4.5 mm coil distances, the morphology of α-Fe is spherical (Figs. 4.5 (a) and
(b)) , whereas at 4.9 mm the microstructure of the α-Fe phase becomes a mixture
of dendritic and spherical morphology (Fig. 4.5 (c)). At 5.1 mm and 5.5 mm coil
distances, the morphology of α-Fe is completely dendritic (Figs. 4.5 (d) and (e)). It
becomes again spherical at 6.0 mm coil distance (Fig. 4.5 (f)).
For samples with fully globular morphology (at 4.3, 4.5 and 6.0 mm vertical coil
distances), the average length scale of the spherical α-Fe phase colony is maximum
near the center of the melt zone and it decreases near the solid-liquid interface. Fig.
4.6 shows the microstructures of different zones of the sample solidified at a vertical
coil distance of 4.3 mm.
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Figure 4.5: SEM micrographs of Nd11.8Fe82.3B5.9 processed at (a) 4.3 mm, (b) 4.5
mm, (c) 4.9 mm vertical coil distances.
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Figure 4.5: (Cont.) SEM micrographs of Nd11.8Fe82.3B5.9 processed at (d) 5.1
mm, (e) 5.5 mm, and (f) 6.0 mm vertical coil distances.
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Figure 4.6: SEM micrographs of Nd11.8Fe82.3B5.9 processed at 4.3 mm vertical coil
distance from different zones : (a) top, (b) middle, and (c) bottom during series
connected coil type experiments.
The average size of the spherical colony near the center of the melt zone is 12 µm
(Fig. 4.6 (b)) whereas the average size of the spheres near the interface at top and
bottom is 7 µm (Figs. 4.6 (a) and (c)), as determined by the a4i materials image
analysis software.
Figure 4.7: SEM micrographs of Nd11.8Fe82.3B5.9 processed at 5.1 mm vertical coil
distance from different zones: (a) top, (b) middle and (c) bottom during series
connected coil type experiments.
84 Chapter 4. Floating zone experiments with magnetic field on Nd-Fe-B
The dendritic morphology of the α-Fe phase is shown in Fig. 4.7 in magnified SEM
images for 5.1 mm vertical coil distance. The whole melt zone can be divided into
three parts. A zone with dendritic morphology appears in the middle of the whole
melt zone and the length of this region is 5.2 mm (Fig. 4.7 (b)). Near the interface,
narrow zones with globular morphology are observed at top and bottom with 3.6 mm
and 2.2 mm length, respectively. Figs. 4.7 (a) and (c) show the representative
microstructures of these zones with globular morphology. The average size of the
spherical colony increases along the length from top or bottom towards the center.
The minimum size of the spheres near the sold interface is 6 µm and it increases to
11 µm before the beginning of the zone with dendritic morphology.
A similar distribution of zones with globular and dendritic morphologies was found
for the sample solidified at 5.5 mm vertical coil distance. The lengths of the different
zones are similar to those of the samples solidified at 5.1 mm vertical coil distances.
The average SDAS was estimated to be 7 µm for both type of samples.
The comparison between Fig. 4.6 (b) and Fig. 4.7 (b) clearly demonstrates the
difference in morphology of the α-Fe phase with respect to coil distances and corres-
ponding convection states.
According to numerical simulations [203], the two vortices of opposite directions
meet at the center and the fluid flow velocity near the center of the melt zone
becomes minimum. Furthermore, the numerical simulations show that at wider
gaps between the coils (e.g. 5 mm), additional vortices appear near both interfaces.
This could the possible reason behind the spherical morphology near the interface
at top and bottom for the sample solidified at 5.1 and 5.5 mm vertical coil distances.
Moreover, as the melt zone is cooled from the top and bottom, the cooling rate is
higher near the interface compared to the middle of the melt zone. This could be
the possible reason of the decrease of the average length scale of the α-Fe spheres
near the interface at top and bottom.
The SEM micrographs were analyzed by a4i materials image analysis software in
order to quantify the α-Fe phase fraction for comparison and verification of the
VSM measurements. The analysis was performed by averaging the values of the
α-Fe phase fractions from the top, middle, and bottom regions obtained from SEM
images of each sample across the whole melt zone. Fig. 4.8 shows the variation of
the α-Fe phase fraction determined from the image analysis with respect to different
coil distances. The plot displays the similar dependency as measured by VSM. This
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Figure 4.8: The α-Fe phase fraction for Nd11.8Fe82.3B5.9 determined by image
analysis in dependence on the vertical coil distances for the coil system connected
in series.
indicates a homogeneous distribution of the α-Fe phase fraction in the selected zones
of the investigated sample volume. The measured values corroborate the results
obtained from VSM measurements.
4.4 Parallel connection coil system
4.4.1 Determination of α-Fe volume fraction by vibration
sample magnetometry
According to the numerical simulation, the two-phase stirrer in parallel connection
provides a particular strong melt motion. Under suitable choice of parameters and
when the phase difference between the currents in the primary and secondary coils
is as close as possible to 90◦, a very strong toroidal vortex is formed where melt
flows from the primary to the secondary inductor.
The experiments with the parallel coil system were done at 1.5 and 3 mm vertical coil
distances between primary and secondary coils with a capacitance in the secondary
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circuit of 436.8 nF and 473.3 nF, respectively. The α-Fe volume fraction was de-
termined by VSM for samples solidified at various coil distances between primary
and secondary coils in parallel connection. The average α-Fe volume fraction was
29.5 wt.% and 28.2 wt.% for samples solidified at vertical coil distances of 1.5 mm
and 3.0 mm, respectively. No significant change in the volume fraction and morpho-
logy of α-Fe with the change in vertical coil distances was observed. The maximum
phase shift was achieved by adjusting the capacitance during the experiments. This
indicates that it is easier to obtain a strong motion by optimizing the capacitance
of the secondary circuit rather than the vertical coil distance.
The α-Fe volume fraction during parallel connection coil experiments is higher com-
pared to the maximum α-Fe volume fraction during series connection coil experi-
ments with a vertical coil distance of 4.3 mm (24.4 wt.%). Thus, the α-Fe volume
fraction increases by about 21 % under very strong melt convection during parallel
coil experiments compared to series coil experiments with 4.3 mm coil distance. This
is in accordance with the numerical simulation results, which showed that during
parallel connection coil experiments, the fluid flow becomes a single vortex and much
stronger.
4.4.2 Scanning electron microscopy and image analysis
The overview of the representative sample solidified at 1.5 mm vertical coil spacing
is shown in Fig. 4.9. The melt zone length is 9.5 mm.
Figure 4.9: SEM overview of the cross section of the sample solidified during the
parallel coil experiment with 1.5 mm vertical coil distance.
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Figure 4.10: SEM micrographs Nd11.8Fe82.3B5.9 processed at 1.5 mm vertical coil
distance during the parallel connection coil system experiments: (a) top, (b) mid-
dle, and (c) bottom.
The SEM overview with lowest magnification shows, on the whole, a homogeneous
distribution of α-Fe throughout the cross section. A similar homogeneity was ob-
served for the sample solidified at 3 mm coil distance. Higher magnification SEM
images of different regions are presented in Fig. 4.10.
The microstructures exhibit a typical spherical morphology of the α-Fe phase through-
out the melt zone. However, the size of spherical colonies near the center is larger
compared to the spherical colonies at the top and bottom near the interface. For
a more detailed elucidation of microstructure, the melt zone has been divided into
six sections of about 1.6 mm length (Fig. 4.11). The average length scales of the
α-Fe spheres were calculated for each section using the image analysis software. The
results are summarized in Fig. 4.12.
Near the solid-liquid interface at the top and bottom of the melt zone (sections 1
and 6 in Fig. 4.11), the average diameters of the spheres are 9 µm and 9.5 µm,
respectively. In contrast, near the center (sections 3 and 4 in Fig. 4.11), it increases
to 19.1 µm and 19.5 µm, respectively. This observation is similar to the series coil
connection experiments with 4.3 and 4.5 mm vertical coil distances where the melt
convection is strongest. However, the average size of the spherical colonies is higher
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Figure 4.11: Schematic diagram of the different regions of the melt zone.
Figure 4.12: Variation of length scale of α-Fe spheres across the melt zone corre-
sponding to Fig. 4.11.
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in the parallel connection coil system experiments compared to series connection
coil system experiments. This can be attributed to the higher growth rate of α-Fe
under much stronger melt convection during the parallel connection coil system
experiments in comparison to the series connection coil system experiments.
The α-Fe phase fraction was measured by image analysis software to verify the VSM
measurements. The averaged α-Fe phase fractions from different sections are 30.1%
and 28.9% for samples solidified at vertical coil distances of 1.5 mm and 3.0 mm,
respectively. These values are close to the α-Fe volume fractions measured by VSM
for the respective coil distances (29.5 wt.% and 28.2 wt.%). These results indicate
a good homogeneity throughout the melt volume.
4.5 Theoretical approach to the microstructure
evolution
According to the conventional opinion [204], the initial dendrites would fragment
under forced convection through either the bending of secondary dendrite arms fol-
lowed by liquid penetration of the high angle grain boundaries, or through remelting
at the root of the secondary dendrite arms due to solute enrichment and thermal-
solutal convection [205]. Then, the detached dendrite arms undergo a coarsening
process and become globular particles. However, this fragmentation theory does
not explain why the detached dendrite arms would grow into globules rather than
dendrites. The effect of strong stirring has been studied for Al–Cu, Pb–Sn alloys
and superalloys since the initial discovery of semi-solid processing [206].
Recently, it has been proposed that the globular structure is more likely a result
of spherical growth under forced convection, rather than a consequence of dendrite
arm detachment [207]. Ji et al. [208] experimentally studied the effect of strong
convective flow on growth morphology and concluded that the globular structure is
a direct result of spherical growth as no dendrite or dendrite fragments were ever
observed. They furthermore proposed that the growth morphology changes from
dendrites to spheres via rosettes with increasing shear rate and degree of turbulence.
The theoretical analysis by Qin et al. [209] using stability analysis and boundary
element methods, by Das et al. [210] using a Monte Carlo simulation technique and
by Qin et al. [211] using phase field modeling also supports the experimental work by
Ji et al. [208]. However, there still remain some ambiguities regarding the theories to
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explain the nucleation behavior and coarsening mechanisms during spherical growth
under strong convection.
For the present experimental results, fragmented dendrites or detached dendrite
arms in the microstructures were not observed. This observation supports the idea
of spherical growth under forced convection [207] rather than fragmentation. Thus,
for the Nd-Fe-B system, it can be inferred that under strong stirring the morphology
of the properitectic α-Fe becomes globular due to the favored spherical growth of
the properitectic phase compared to dendritic growth.
4.6 Summary
Numerical simulation of fluid flow was performed by the research group of Dr.
Gunter Gerbeth from Department of Magnetohydrodynamics, Forschungszentrum
Dresden-Rossendorf using two different coil systems. In these arrangements, the
secondary coil was connected in series and parallel with the primary one, respec-
tively. Series connection allows to reduce the melt flow considerably by a proper
choice of the vertical gap. At smaller gaps, the melt is driven gradually inwards in
the middle of the floating zone, whereas the flow direction is reversed at large gaps.
Thus, a zone of lowest convection can be achieved at a critical vertical coil distance
where the flow direction of the vortex changes from inwards to outwards. The coils
connected in parallel work as a two-phase stirrer providing a relatively strong melt
convection with a single vortex flow where the melt flows from the primary to the
secondary inductor.
Experiments with the series coil system showed that the α-Fe volume fraction be-
comes minimum (14.2 wt.%) near 5.1 mm vertical coil distance and the morphology
of the properitectic phase becomes dendritic whereas it is globular at 4.3 mm, 4.5
mm and 6.0 mm vertical coil distances. A reduced melt convection state is achieved
near 5.1 mm coil distance. Due to reduced effective mass transfer, the volume frac-
tion of the α-Fe phase becomes minimum. The parallel coil system experiments
showed that the α-Fe volume fraction is maximum (29.5 wt.%) under optimized
parameters. The morphology of α-Fe becomes globular. In contrary to the series
coil experiments, the volume fraction of the α-Fe phase is increased due to increased
effective mass transfer under strong stirring effect. The change of the morphology of
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the properitectic phase can be explained by the recently proposed spherical growth
theory or the conventional fragmentation theory.

Chapter 5
Floating zone experiments and
mechanical properties of Ti-Al
5.1 Introduction
The experimental results for Nd-Fe-B in the previous chapters showed that the
volume fraction of properitectic phase depends on the convection state. As the melt
convection is increased, the volume fraction of the properitectic phase increases. In
contrary, when a reduced melt convection is achieved, the volume fraction of the
properitectic phase decreases. With the aim to extend this investigation to another
peritectic alloy with high industrial relevance, the Ti45Al55 alloy was chosen for
further investigation.
According to a recent phase diagram compilation from Ohnuma et al. [124], the in-
vestigated composition falls within the range of peritectic phase formation, whereas
some uncertainty appears for phase diagram determination by different researchers.
Moreover, due to the high temperature and short time conditions of the experi-
ments, the microstructure does not represent equilibrium conditions. Also, no ad-
ditional heat treatment of these processed samples was performed. Thus, a typical
microstructure with dendritic properitectic phase and peritectic matrix phase is ob-
served for this composition range in the as-cast and processed samples.
It was reported [212] that the increased volume fraction of the properitectic phase
could be beneficial for superior mechanical properties of Ti-Al alloys. Hence, the
effect of strong stirring, which is achievable using the parallel connection coil system
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was studied for this alloy. In this chapter, the change in the properitectic phase
fraction, the morphology of the properitectic phase and the formation of a boundary
layer between peritectic and properitectic phase will be discussed in terms of the melt
convection conditions. Additionally, mechanical properties of differently solidified
Ti45Al55 alloy will be presented.
5.2 Sample processing
The Ti45Al55 alloy was prepared from Ti (99.99 %, Alfa Aesar) and Al (99.99 %, Alfa
Aesar) in a cold crucible induction furnace under argon atmosphere and cast into
rods of 6 mm diameter. Then, part of the rod was melted under Ar atmosphere in the
floating zone facility using the common single RF induction coil. Samples solidified
under this condition will be termed as “type 1” in the following. In comparison,
to attain a strong stirring effect on the melt motion, experiments with the parallel
connection coil system (two-phase stirrer) have been performed. The vertical coil
distance between primary and secondary coils was 1.5 mm and the capacitance of the
secondary circuit was adjusted in between 430 to 486.2 nF in order to have a phase
shift close to 90◦. These experiments will be termed as “type 2”. The molten part
of the rods with a length of about 8 mm remained in the liquid state for 2 min prior
to solidification in order to provide steady fluid flow. The samples were processed
50 K above the liquidus temperature. The cooling rate, measured with a two-color
pyrometer after switching off the induction coil system, was 40 K/s.
After processing, the solidified molten zones were cut into two halves along the sym-
metry axis. One part was embedded in resin and polished. The microstructures
of the solidified samples were investigated by scanning electron microscopy (SEM)
and energy dispersive X-ray spectroscopy (EDS). The sample composition was mea-
sured by EDS and chemical analysis as well. For chemical analysis, the sample was
dissolved in hydrochloric acid in a high pressure microwave digestion system MarsX
(CEM Corp.). The composition was determined by the ICP-OES technique using
acid matrix matched Ti-Al standard solutions prepared from Merck single element
standards. The phase identification for these samples was conducted using SEM-
EDS in both spot analysis and linescan modes. The linescan analysis was performed
across the boundary layer of properitectic and peritectic phase. The interval of the
measurements was 0.02 µm. Several linescan measurements were performed for each
sample in order to verify the thickness of the boundary layer. The average phase
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fraction of the properitectic α phase for the Ti45Al55 alloy was determined from the
analyzed SEM micrographs from different parts of the cross section by the a4i Docu
image analysis software.
The lamellar spacing between the α2 and γ phases was measured and averaged using
magnified SEM micrographs from various selected regions of different samples. The
lamellar spacing was defined as the edge-to-edge dimension measured perpendicular
to the plate boundary of the adjacent lamellae. However, the technique proposed
by Boehlert et al. [213] to determine the lamellar spacing, which ensures that the
lamellae are in an “end-on” configuration, was not used. This is generally confirmed
by TEM diffraction patterns where the edge-to-edge dimension is measured perpen-
dicular to the plate boundary, whereas the α2 lamellar thickness can be examined
by isolating the (0001)α2 diffraction spot of the [1120]α2 selected area diffraction
pattern (SADP), which overlaps the 〈110〉 SADP of the γ phase. So, the reported
lamellar spacing may not be too precise as it is not possible to confirm the “end-on”
configuration by SEM.
The microstructures of the samples solidified at different convective conditions, i.e.,
common induction heating and induction heating with additional magnetic field
(two-phase stirrer), were compared. Compression tests were performed at an initial
strain rate of 1×10−4s−1 with an Instron 8562 electromechanical testing device under
quasistatic loading at room temperature. A cylindrical sample shape (3 ± 0.02 mm
diameter, 6 ± 0.02 mm length) was produced by electro-erosive sawing from the
central parts of the processed samples. For Vickers hardness measurements, the
applied force was 10 gf and the full load was applied for 10 s. The final hardness
value is reported by averaging more than 15 measured data.
5.3 Microstructure investigations
Figs. 5.1(a)-(d) show the microstructures of type 1 alloy (melted and solidified
with common RF coil) and type 2 alloy (melted and solidified in the magnetic two-
phase stirrer) at different magnifications. The solidification starts initially via a
peritectic reaction with the formation of disordered hexagonal α phase of the A3
type structure. The α phase reacts with the liquid to form the peritectic γ (TiAl, L10
ordered tetragonal structure) phase. The incompleteness of the peritectic reaction
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Figure 5.1: SEM images of Ti45Al55 alloys: (a), (c) sample solidified under low
melt convection (type 1); (b), (d) stirred sample (type 2).
causes the remaining liquid to progressively become enriched in aluminium and
solidify, at lower temperatures, as interdendritic γ phase.
In these cases, a typical dendritic morphology is observed for type 1 samples (Fig.
5.1 (a)), whereas a globular morphology dominates the microstructure of type 2
samples (Fig. 5.1 (b)). Decomposition of the properitectic α phase during cooling
(40 K/s) below the peritectic temperature leads to the formation of a lamellar struc-
ture consisting of γ and α2 phases, as shown in Figs. 5.1 (c) and (d) for type 1 and 2,
respectively. There was no hint for a Widmanstätten lamellar structure, a feathery
lamellar structure or massively transformed γ phase throughout the microstructure.
The fraction of the lamellar colonies, which is actually a mixture of γ and α2, is
higher in the stirred sample (type 2) than in the type 1 alloy and resulted to 26 %
and 19 %, respectively. The lamellar spacing determined by SEM from the overall
microstructure was 0.55 µm for the type 1 alloy, and 0.27 µm for the type 2 alloy.
The overviews of the samples are shown in Fig. 5.2 and Fig. 5.3 for type 1 and type
2 alloys, respectively.
All the samples exhibited homogeneous microstructures. However, the presence
of very minute pores (tiny dark spots in the SEM images) is observed in the mi-
crostructures for both types of alloys. The average amount of porosity determined
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Figure 5.2: SEM overview of Ti45Al55 samples processed under low melt convec-
tion (type 1); (a) top, (b) middle, (c) bottom.
from different SEM micrographs by the image analysis software was less than 0.3
vol.% for both types of alloys.
The SEM micrographs clearly show the morphology change of the properitectic
phase in the stirred samples. The type 1 alloy exhibits a typical dendritic mor-
phology (as shown in Fig. 5.2). Similar microstructure patterns with a dendritic
lamellar phase along with γ matrix were also observed in as-cast Ti45Al55 alloys by
other researchers [131].
In the type 2 alloy, a globular morphology of the properitectic phase dominates
the microstructure (as shown in Fig. 5.3). Only a few dendrites in addition to
the globular properitectic phase are present. A similar globular morphology of
the properitectic phase was also observed during the stirring experiments of the
stoichiometric Nd2Fe14B alloys.
The formation mechanism of the globular morphology is not well understood. There
are different proposed mechanisms, which lead to formation of this special morpho-
logy during strong stirring, as are discussed in the previous chapter in Section 4.5
where a globular morphology was obtained under strong stirring for Nd-Fe-B alloys.
The mass and heat transfer during solidification is enhanced by vigorous stirring,
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Figure 5.3: SEM overview of Ti45Al55 samples processed under enhanced melt
convection (type 2); (a) top, (b) middle, and (c) bottom.
which changes the growth morphology of the properitectic phase and makes the
grains grow in all directions into near globular shape. The increase in phase fraction
and the globular morphology of the properitectic phase in the stirred Ti45Al55 alloys
is attributed to the enhanced convective mass transfer under enhanced internal melt
motion. However, the possibility of fragmentation of dendritic arms due to remelting
during strong stirring can not be ruled out, as some dendritic morphology were
found in the stirred samples. When the fragmentation theory is considered, with
intensification of bulk liquid velocity, the number of fragments which are produced
by the interaction of the bulk liquid with the solidification front, is increased. Thus,
vigorous agitation causes warmer liquid to remove the tip of dendrites or to break-
off dendrite branches to favor the formation of an isolated globular structure in the
stirred samples. On the other hand, by rapid removal of extra heat due to stirring,
the dendrite fragments so produced become more stable with greater chance of
survival and growth.
Table 5.1 summarizes the composition analysis of the bulk samples and different
phases measured by EDS for the type 1 and type 2 alloys. However, it was not
possible to detect the composition of each lamellar phase by EDS, as the phases are
too close to each other. For both types of alloys, the lamellar spacing is less than
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Table 5.1: Composition analysis of type 1 and type 2 Ti45Al55 alloys measured by
EDS and ICP-OES.
Type of
sample
EDS analysis: Composition (at.% Al) (± 0.5 at.%) ICP-OES analy-
sis: Composition
(at.% Al) (± 0.3
at.%)
Bulk (α2 + γ) γ Bulk
Type 1 55.7 52.8 57.3 55.9
Type 2 55.5 51.9 57.3 55.9
1 µm and the minimum volume of composition analysis by EDS is in the order of
1 µm3. The overall composition (bulk) determined by EDS analysis is in excellent
agreement with the nominal composition of the alloy. The concentration of Al in
the (α2 +γ) phases is approximately 52.8 and 51.9 at.% for type 1 and type 2 alloys
respectively; and that in the γ phase is 57.3 at.% for both types of alloys. The lower
concentration of Al in the (α2 + γ) lamellae compared to the γ phase is obvious as
the γ phase is Al enriched compared to the α2 phase. Additionally, the compositions
of selected samples were confirmed by ICP-OES analysis (Table 5.1).
Figs. 5.4 (a) and (b) present the intermediate layer around the properitectic lamellar
phase. The layer thickness is larger in type 1 samples compared to type 2 samples.
The average intermediate layer measured from different SEM micrographs is 5 µm
for type 1 samples, and 2.5 µm for type 2 samples, respectively.
The EDS linescan analysis across the intermediate layer of the properitectic phase
is shown in Fig. 5.5 for both types of samples. The aluminum profile visualizes the
decrease of the aluminum content from γ matrix to (α2+γ) phases. The intermediate
layer marks the concentration gradient from matrix to properitectic phase. A broad
diffusion boundary layer (type 1 sample) attenuates the solute transport [167].
In type 1 samples, the solute distribution in the liquid is governed mainly by the
diffusion field and the nucleation sites grow dendritically. Under strong convection
(type 2), the concentration profile is homogenized outside the diffusion boundary
layer and tends to create a uniform solute concentration in the bulk liquid followed by
a narrow intermediate layer. The resultant smaller diffusion boundary layer leads
to enhanced solute transport enabling globular growth. Thus, the stirring effect
decreases the intermediate layer and promotes coarsening of particles. A similar
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Figure 5.4: SEM images of Ti45Al55 alloys showing the boundary layer between
peritectic and properitectic phases: (a) sample processed under low melt convec-
tion (type 1), (b) stirred sample (type 2).
Figure 5.5: EDS linescan showing the variation in Al concentration across the
boundary layer in between the peritectic γ phase and the properitectic (α2 + γ)
phases.
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effect of stirring on the boundary layer thickness was observed by Nafisi et al. [214]
for Al–Si. Fig. 5.6 shows a scheme of solute distribution in the boundary layer. As
Figure 5.6: Schematic illustration of the solute distribution at the solid–liquid
interface.
it shows, the boundary layer thickness (d1) decreases to (d2) due to the stirring and
thus the constitutional undercooling is also decreased which is favorable for globular
growth rather than dendritic growth. C is the average solute concentration in the
liquid far away from interface and C´ is the average solute concentration in the
stirred liquid.
5.4 Compression tests and hardness
The room temperature stress-strain plots obtained from uniaxial compression tests
are presented in Fig. 5.7 for type 1 and type 2 samples. The mechanical properties
are summarized in Table 5.2. It can be clearly seen that the type 2 alloy exhibits
higher plastic deformation (16.9 %) and compressive strength (1137 MPa) than the
type 1 alloy (7.1%, 648 MPa).
The phase fraction and the length scale of the spherical (α2 +γ) colonies in the type
2 alloy are higher than for the dendritic colonies of the type 1 alloy. In contrast,
the interlamellar spacing in the type 2 alloy is lower (0.27 µm) than in the type 1
alloy (0.55 µm) indicating an increased number of γ/α2 interfaces. The change in
the morphology of the solidified microstructures caused a significant improvement
of the plastic deformability for the stirred sample. This may be linked with the
102 Chapter 5. Floating zone experiments and mechanical properties of Ti-Al
Figure 5.7: Room-temperature compression stress-strain plots of Ti45Al55 alloys:
(a) type 1 alloy (b) type 2 alloy.
modification of γ/α2 interfaces. It has been reported that the α2 phase in the
γ/α2 lamellae has beneficial effects on the ductility as the semi-coherent interface
between γ/α2 lamellae gives rise to an easy type of deformation [212]. Moreover, the
α2 phase scavenges interstitials and promotes the slip of 1/2 〈110〉 dislocations in the
γ-phase [215]. Huang et al. [212] reported that a duplex structure, which contains
both primary γ grains and transformed γ/α2 lamellar grains, is more deformable
than a single-phase or a fully transformed structure. Furthermore, it is known from
TiAl single crystal growth that the orientation of the high-temperature α phase plays
an important role, e.g. the best combination of tensile properties (yield strength
and elongation-to-failure) was measured when the lamellar structure is parallel to
the loading axis. Conversely, zero elongation-to-failure was found for samples where
the lamellae were normal to the tensile axis [216].
The microstructure of the samples solidified under reduced melt convection (type 1)
shows a coarse anisotropic orientation of the lamellar (α2 + γ) phases within the
connected dendritic structure (as shown in Fig. 5.8 (a)). The cracks which propagate
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Table 5.2: Summary of compression test data: yield stress σy, yield strain εy,
ultimate compressive stress σmax, and plastic strain εp with standard deviations.
type of mate-
rial
σy (MPa) εy (%) σmax (MPa) εp(%)
type 1 378 ± 10 0.5 ± 0.1 648 ± 16 7.1 ± 1.2
type 2 298 ± 4 0.5 ± 0.1 1137 ± 7 16.9 ± 1
along the direction of the (α2+γ) lamellae may result in a straight propagation mode
of cracks along the dendritic structure and increased brittle fracture. The stirred
samples exhibit different orientations of the discrete, spherical (α2 + γ) colonies.
For example, Fig. 5.8 (b) shows two different orientations of the lamellar colonies
aligned at an angle of 30 degrees to each other, whereas Fig. 5.8 (a) shows only
one anisotropic orientation of the lamellar phase inside the dendritic structure. This
may furthermore explain the higher plastic deformation of the stirred sample. Thus,
it was possible to vary the microstructure by the appropriate processing route and
achieve homogeneous isotropic globular structures without a dendritic morphology
of the properitectic phase, which is beneficial for higher plastic deformation.
Figure 5.8: SEM images of Ti45Al55 alloys showing the orientation of the lamellar
(α2 + γ) phases in (a) sample processed under low melt convection (type 1) and
(b) stirred sample (type 2).
The fracture surfaces of type 1 and type 2 samples are shown in Fig. 5.9. Figs. 5.9
(a) and (b) show the SE images of the fracture surfaces, whereas Fig. 5.9 (c) and
(d) show the BSE images of polished fracture surfaces. The main fracture modes
in both types of samples are transgranular in the γ matrix and translamellar in
the lamellar colonies. It is known that typical equiaxed single-phase γ-TiAl alloys
deform mainly in transgranular mode and fully lamellar microstructures consisting
of lamellar grains composed of alternate α2 and γ plates deform under translamel-
lar mode, whereas a duplex microstructure shows the presence of both fracture
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Figure 5.9: SEM micrographs of fracture surfaces: (a), (c) type 1 samples; (b),
(d) type 2 samples.
modes [132]. The fracture surfaces of both samples indicate the existence of trans-
granular river-like cleavage fracture patterns in the γ matrix (Figs. 5.9(a) and (b)).
The deformation as transgranular cleavage fracture patterns is less dominant in type
1 samples (Fig. 5.9 (a)) compared to stirred samples (Fig. 5.9 (b)). Some dimples
are observed in Fig. 5.9 (b) possibly due to the accumulation of a relatively large
deformation taking place at the grain boundaries. In comparison to type 1 sam-
ples, where some of the aligned γ/α2 lamellae did not show any deformation in the
lamellar dendritic structure (Fig. 5.9 (c)), translamellar fracture events are clearly
evident in the spherical lamellar colonies of type 2 samples (Fig. 5.9 (d)). Fig. 5.10
shows a magnified view of the translamellar deformation modes and considerable
slip bands indicating severe transgranular deformation in the γ matrix of type 2
alloys. It is suggested that the retained lamellar structure in type 1 samples has
a detrimental effect on plastic deformation. This is mainly related to the strong
anisotropic flow stress behavior of the γ/α2 lamellae [217]. The cracks nucleate and
propagate preferentially along the direction of retained γ/α2 lamellae and plastic
deformation mainly occurrs by the operation of slip systems in the γ-matrix phase
in type 1 samples. Therefore, this results in a straight propagation mode of fracture
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Figure 5.10: SEM micrograph showing slip bands and translamellar fracture mode
in the type 2 samples.
exhibiting less plastic deformation.
Moreover, microhardness investigations have been performed in order to establish
an understanding of the mechanical properties. The measurement of the Vickers
hardness in both type of alloys resulted in distinctly higher values for the (α2 + γ)
colonies compared to the γ matrix (Table 5.3), where the Vickers hardness is aver-
aged across the (α2 + γ) lamellae due to their narrow spacing on the order of 1 µm.
As the γ phase is softer than the α2 phase [218], lamellar (α2 + γ) grains are harder
than equiaxed γ grains.
Table 5.3: Hardness values of apparent phases of differently processed Ti45Al55
alloys.
Type of material γ matrix (HV) (α2 + γ) (HV)
Type 1 326±6 395±8
Type 2 319±9 418±11
The Vickers hardness of the γ matrix in the type 1 alloy is slightly higher (326 HV)
than in the stirred sample (319 HV) accompanied in contradiction by a reduced
hardness of the (α2 + γ) phase in the type 1 alloy (395 HV) compared to the type
2 alloy (418 HV). The increase in the amount of α2 phase together with a higher
number of γ/α2 interfaces due to smaller lamellar spacing contribute to the hardness
improvement in the lamellar (α2+γ) phase of the type 2 alloy. A similar dependency
of hardness values with respect to lamellar spacing was observed by Chraponski [219]
during hot compression tests for the Ti–46Al–2Nb–2Cr intermetallic alloy.
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5.5 Summary
The microstructure and mechanical properties of Ti45Al55 alloys were investigated
in terms of the melt convection regimes during solidification. A strong change in the
morphology of the properitectic phase from dendritic to spherical with an increased
properitectic phase fraction are observed under strong stirring using a magnetic
two-phase stirrer. The increase in the properitectic phase fraction is attributed to
the enhanced effective mass transfer due to strong melt convection. The stirred
samples show a narrower boundary layer between the peritectic γ-matrix phase and
the properitectic (α2 + γ) phases compared to the samples solidified under low melt
convection. The narrower boundary layer of the stirred samples is caused due to im-
proved homogeneity under strong convection. The possible reason for the change in
morphology of the properitectic phases is either spherical growth or fragmentation
of dendrite arms due to strong convection. The stirred samples exhibit a consider-
able improvement of plastic deformability. The coarse anisotropic orientation of the
lamellar (α2 + γ) phases in the dendritic morphology is detrimental for the plastic
deformability. The plastic deformability is improved to 16.9 % in the stirred sam-
ples whereas it is 7.1 % for the samples solidified under low convection. The coarse
anisotropic orientation of the dendrites can be avoided in the stirred samples due
to the spherical and discrete morphology of the properitectic phases. The fracture
surface of the stirred samples exhibits more deformation and the dominant fracture
mode is translamellar in the spherical lamellar colonies. The Vickers hardness mea-
surements showed that the increase in α2 phase due to smaller lamellar spacing leads
to the hardness improvement in the lamellar (α2 + γ) phases of the stirred samples.
Chapter 6
Conclusions and outlook
In this work, the effect of melt convection on the microstructure evolution of Nd-Fe-B
and Ti-Al alloy systems was studied using novel techniques. For both alloy systems,
the change in volume fraction and morphology of the properitectic phase are impor-
tant in determining the magnetic and mechanical properties, respectively.
On the basis of numerical simulations by the research group of Dr. Gunter Gerbeth
from Department of Magnetohydrodynamics, Forschungszentrum Dresden-Rossen-
dorf, two different types of newly designed facilities were developed where melt
convection can be altered by changing a number of parameters. These are: forced
rotation facility and modified floating zone facility.
The forced rotation facility was developed with the aim to study the effect of re-
duced melt convection on the microstructure evolution of Nd-Fe-B alloys. According
to numerical simulation by the research group of Dr. Gunter Gerbeth from De-
partment of Magnetohydrodynamics, Forschungszentrum Dresden-Rossendorf , an
additional crucible rotation suppresses the internal melt motion significantly. Thus,
as the rotational frequency increases, melt convection decreases. For the Nd-Fe-B
alloy system, a strong reduction of the soft magnetic α-Fe phase was observed with
increasing rotational frequency. The reduction in α-Fe volume fraction using the
highest rotational frequency (1200 rpm) is 37.9 % and 38.5 % for Fe-rich and stoi-
chiometric compositions, respectively. The decrease in α-Fe volume fraction for the
Nd-rich composition was found to be 31.4 %. The decrease of soft magnetic α-Fe
phase was found to be dependent on Ar pressure and ampoule diameter. A de-
tailed statistical analysis of secondary dendritic arm spacing (SDAS) measurements
of α-Fe showed that the SDAS decreases as the rotational frequency increases and
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melt convection decreases. The SDAS decreases from 13.8 µm at zero rotational
frequency to 8.2 µm for the sample solidified at 1200 rpm for the stoichiometric
composition.
The reduction in the phase fraction and SDAS of the properitectic phase is attributed
to the reduced convective mass transfer under reduced internal melt motion. At high
fluid velocity and low rotational frequency, the stronger interdendritic flow reduces
the solute boundary layer and increases the transfer of solute through the interface.
The smaller dendrite arms dissolve into the melt and thus the SDAS becomes higher
than that of the samples solidified at higher rotational frequencies.
The floating zone facility allows contactless heating without any contamination for
highly reactive melts. The numerical simulation of the fluid flow was performed by
the research group of Dr. Gunter Gerbeth from Department of Magnetohydrody-
namics, Forschungszentrum Dresden-Rossendorf for the series and parallel connec-
tion induction coil systems used in the floating zone facility. The series connection
coil system allows to reduce the melt flow considerably at a particular vertical gap.
At small vertical coil distance, the melt is driven inwards in the middle of the melt
zone, whereas the flow direction is reversed at larger coil distance. Thus, a zone of
minimum convection can be achieved at a critical vertical coil distance. The coils
connected parallel work as a two-phase stirrer, which provides a relatively strong
melt convection with a single vortex flow pattern.
The experimental results of the series connection coil system showed that a reduced
melt convection state is achieved near 5.1 mm coil distance where the α-Fe volume
fraction becomes minimum (14.2 wt.%). On the contrary, the parallel coil system
experiments showed that the α-Fe volume fraction becomes maximum (29.5 wt.%)
when the phase shift between the coils is close to 90◦. The morphology of α-Fe
becomes globular due to spherical growth under strong convection.
The presence of soft magnetic α-Fe together with hard magnetic Nd2Fe14B is detri-
mental for the superior hard magnetic properties of Nd-Fe-B based magnets. The
properitectic α-Fe volume fraction can be lowered by using both the forced ro-
tation facility and the series connection induction coil system. This reduction of
properitectic soft magnetic α-Fe volume fraction is beneficial for ingot preparation
by induction melting. The industrially used expensive long-term heat treatment can
be shortened.
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This investigation was extended to the Ti45Al55 peritectic alloy with high industrial
relevance. With the aim to increase the volume fraction of properitectic phase un-
der strong stirring, parallel connection coil system was chosen particularly for this
alloy system. The samples processed by optimized parallel connection coil system
exhibited a strong change in the morphology of the properitectic phase from den-
dritic to spherical and an increase in the properitectic phase fraction. The increase in
the properitectic phase fraction is attributed to the enhanced effective mass transfer
due to strong melt convection. The possible reason for the change in morphology of
the properitectic phase is either spherical growth or fragmentation of dendrite arms
under strong stirring. The change in the microstructure due to strong stirring ren-
ders a considerable improvement in the plastic deformability in the stirred samples
due to the spherical and discrete morphology of the (α2 + γ) phase.
Thus, the increase in properitectic phase fraction together with spherical morpho-
logy of the microstructure is beneficial for the plastic deformability of the Ti45Al55
peritectic alloy. This desired microstructure can be achieved using the modified
floating zone facility with parallel connection coil system where a strong stirring
state can be induced inside the melt volume.
From the results obtained for the Nd-Fe-B and Ti-Al alloy systems, one can conclude
that for peritectic alloys the volume fraction and morphology of the properitectic
phase is strongly related with the convection state inside the melt. The volume frac-
tion of the properitectic phase increases as the melt convection increases, whereas it
decreases as the melt convection decreases. The melt convection can be altered dur-
ing processing of materials using the novel forced rotation facility and the modified
float zone facility with series or parallel connection coil systems. Tailored microstruc-
ture can be obtained either by decreasing (e.g. for Nd-Fe-B alloy) or increasing (e.g.
for Ti-Al alloy) the convection state inside the melt to improve the magnetic and
mechanical properties, respectively. Thus, controlling convection is a useful way to
get favorable microstructures according to the process needs.
This work can be extended to other peritectic alloy systems (Ni-Al, Zn-Cu, Sn-Cd,
Fe-Ni, etc.) having high industrial potential as a part of future work. Simulation of
the microstructure evolution using phase-field modeling at different fluid velocities
would be very helpful to understand the solidification mechanisms of peritectic alloys
under various convection states. Furthermore, the interdependence of interdendritic
convection and secondary dendritic arm spacing can be predicted by phase-field
simulation and analytical modeling.
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